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Abstract
Rejuvenation of Ni-base Superalloys GTD444 and Rene´ N5
by
Luke Henry Rettberg
During service, superalloy turbine components degrade over time by creep and fatigue
deformation mechanisms due to a complex combination of stresses at high temperatures.
Service degradation is commonly addressed by replacing the component with a new one.
The high cost of the original Ni-base superalloy components and, consequently, replace-
ment components has encouraged the development of rejuvenation (restoration) procedures
to extend useful service life. Repair procedures used in literature consist of hot isostatic
pressing (HIP) and/or solution + aging rejuvenation heat treatments near or above the γ′
solvus temperature. In the limited studies that have performed fatigue testing, rejuvena-
tion has never been successful in recovering fatigue properties in low-cycle, high-cycle, or
dwell-fatigue.
In order to elucidate the processes that prevent successful rejuvenation, repeated reju-
venation cycles have been performed. A rejuvenation cycle includes a rejuvenation heat
treatment and/or small scale material removal, followed by creep or fatigue testing. Multi-
ple rejuvenation testing is defined in this context as the application of repeated rejuvenation
vii
cycles until specimen failure.
As a result of multiple rejuvenation testing, the total creep rupture life of Rene´ N5(SX)
tested at 982 °C and 206 MPa was extended by a factor of 2.8 over the baseline rupture
life. To produce this increase in rupture life, creep strain thresholds of both 2% and 3%
were used along with solutioning at 28 °C below the γ′ solvus temperature for 2 h and
aging at 1079 °C for 4 h. These rejuvenation conditions resulted in the maximum observed
increase in total creep rupture life. Rejuvenation of compressive hold-time fatigue damage
was also successful with the use of small scale material removal. While rejuvenation of
Rene´ N5(SX) was considered successful, full recovery of the creep performance was not
attainable even with a solution heat treatment at the γ′ solvus. Similar results are expected
for GTD444(CG) although rejuvenation heat treatments were only performed below the γ′
solvus temperature.
Transverse grain boundaries limited life during multiple rejuvenation creep testing of
both GTD444(CG) and Rene´ N5(SX). Due to the tortuosity of the grain boundaries in
GTD444(CG), some boundaries are initially oriented transverse to the growth direction.
The enhanced plasticity near these grain boundaries may be the primary reason why the
initially single crystal Rene´ N5(SX) specimens were more amenable to rejuvenation than
GTD444(CG). For both alloys, recrystallization during the rejuvenation heat treatment was
responsible for early failure during the subsequent creep test.
Using rejuvenation in a production environment on these alloys represents a significant
challenge. There will be a difference in microstructure between lab and industrial-scale
viii
components and a difference between service and mechanical testing conditions, requiring
detailed characterization and identification of the life-limiting form of damage. Ultimately,
the use of rejuvenation on industrial-scale components will depend on a number of factors
for each specific case.
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Chapter 1
Introduction: The Development and
Repair of Ni-base Superalloys
1.1 Application: The Gas Turbine Engine
Ni-base superalloys are used in gas turbine engines that consist of three major sections:
a compressor, combustion chamber, and turbine. Being a heat engine, gas turbines convert
thermal energy to mechanical energy, which is then used to perform useful work. The
first major application of a gas turbine engine with an axial flow compressor was to power
aircraft near the end of World War II and, currently, gas turbine engines with the same basic
framework are being used to power not only aircraft, but also tanks, ships, trains, and for
the generation of electricity [1]. Various gas turbine engine designs are shown in Figure
1.1.
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Figure 1.1: Several common gas turbine engine configurations used for jet propulsion and
power generation, specifically (1) turbojet, (2) turboprop, (3) turboshaft, (4) high-bypass
turbofan, and (5) low-bypass turbofan. Adapted from “Gas turbine applications (num-
bered)” by O. Cleynen.
The thermal efficiency, ηth, of gas turbine engines can be described to a first approxi-
mation by the Carnot cycle [2, 3]. The most practical way to increase the thermal efficiency
of the engine is to increase the useful work, which, assuming the exhaust gas is a perfect
gas, can be accomplished by increasing the turbine entry temperature (TET). For example,
a 30 °C increase in the TET for a high-bypass turbofan used for jet propulsion, or a 10 °C
increase for a combined-cycle turboshaft system used for electrical generation, results in
a 1% increase in efficiency [4]. An increase in efficiency of only 1% reduces fuels costs
over a 15 year period by $30 billion and $60 billion for global aviation and gas-fired power
generation sectors, respectively [5]. However, the TET is ultimately limited by the high-
temperature capability of the materials selected for the various components in the turbine
section of the engine.
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Various material systems are used in a gas turbine engine, with the most advanced
being located along the hot gas path. Figure 1.2 shows a schematic of a Rolls Royce Trent
800 engine indicating the type of materials used in different locations along the gas path.
Figure 1.2: Schematic cross-section of a Rolls-Royce Trent 800 engine with the typical
materials used along the gas path in a gas turbine engine indicated with color shading.
Adapted from Rolls-Royce (©Rolls-Royce). Ni-base superalloy material is indicated in
yellow.
Selection of materials for gas turbine engine components requires consideration of a large
suite of properties, namely: high temperature strength, oxidation/corrosion resistance, duc-
tility, fatigue resistance, and toughness. Depending on the function of the engine, for exam-
ple power generation versus aircraft propulsion, additional properties may be more strongly
weighted in the material selection process; density, for example, is much more important
for aircraft, compared to power generation. Ni-base superalloys, employed in the blades
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and vanes of the turbine after the combustion section, are exposed to the highest tempera-
tures and mechanical loads of any rotating component in the engine.
1.2 Ni-base Superalloys: An Overview
The current state of the art Ni-base superalloys are a result of over 60 years of engi-
neering and scientific research. Critical advancements have been made in processing and
microstructural control to produce the alloys used today in gas turbine engines. The devel-
opment of investment casting and directional solidification will be discussed in this section
along with the microstructural constituents of Ni-base superalloys.
1.2.1 Processing
Turbine blades extract energy from the hot combustion gases, providing useful work
to drive the compressor, high-bypass fan, and/or electrical generator. Considered a critical
component in the successful operation of a gas turbine engine, turbine blades are conser-
vatively designed with significant factors of safety. Superalloy turbine blades are manu-
factured via investment casting processes. Starting with a wax mold of the desired turbine
blade geometry, a ceramic slurry is applied around the wax and allowed to harden [6]. The
wax is then removed and the ceramic slurry sintered during a subsequent heat treatment
process, creating a hollow cavity where molten metal can be poured.
After pouring, cooling the molten metal in an uncontrolled manner creates polycrys-
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talline (PC) material; to improve creep properties the cooling rate is often decreased, in-
creasing the grain size. A critical advancement in the processing of Ni-base superalloys was
the development of high thermal gradient directional solidification processes that created
columnar grained (CG) turbine blades. Additionally, with the use of a grain selector/seed
crystal, single crystal (SX) turbine blades were produced in the early 1970s by VerSnyder
and co-workers at Pratt & Whitney. A schematic of the casting process and examples of
turbine blades with the various grain structures are shown in Figure 1.3.
(a) (b)
Figure 1.3: a) Schematic illustrating the Bridgman casting process used for directional
solidification of Ni-base superalloys and b) images of a polycrystalline, columnar grained,
and single crystal turbine blade. Adapted from original work by Elliott [7] and Rolls-Royce
(©Rolls-Royce) [8].
By removing all high angle grain boundaries, single crystal superalloys have the most fa-
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vorable creep properties and, without the requirement for grain boundary strengtheners,
microsegregation and eutectic content can be significantly reduced during heat treatments
without causing incipient melting, thereby improving fatigue life [2, 9].
1.2.2 Microstructure and Alloy Chemistry
Superalloy compositions are based on the Ni-Al binary with up to 40 wt% of five to
ten other elements. Examining the Ni-Al phase diagram, as the Al content increases in the
face-centered cubic, nickel-rich γ phase, a two phase γ + γ′ field is reached, as shown in
Figure 1.4. The γ′ phase has a nominal composition of Ni3Al, is an ordered intermetal-
lic with the L12 crystal structure, and is often coherent with the γ matrix phase. Minor
alloying elements tend to form carbides or borides with cubic crystal structures that precip-
itate in the liquid melt during solidification and, consequently, are typically located at high
angle boundaries and interdendritic regions of the microstructure [10]. Carbon forms ther-
modynamically stable compounds with a variety of metallic atoms (M) present in Ni-base
superalloys, such as Ta, Ti, Nb, W, and Mo, to form primary MC carbides with blocky,
script, and globular morphologies (Figure 1.5).
Superalloys derive their strength primarily from the γ′ precipitate phase; this is espe-
cially true at high fractions of their melting point [14]. Precipitation of the γ′ phase occurs
heterogeneously from the supersaturated solid solution of γ as it is cooled below the γ′
solvus temperature by the nucleation and growth mechanisms. The kinetics of the precipi-
tation process are highly influenced by the cooling rate through the γ′ solvus temperature.
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Figure 1.4: Binary phase diagram of the Al-Ni system, from Kattner, et al. and Okamoto,
et al.[11, 12].
The classification of a new generation is due to major chemistry modifications, includ-
ing the increase in refractory metal content among SX Ni-base superalloys, and refinement
of grain boundary strengtheners Hf, C, and B due to the advent of directional solidification.
Table 1.1 provides compositions for PC, CG, and the first three generations of SX Ni-base
superalloys with the major composition differences being the addition of Re, a potent solid
solution strengthener, along with increased amounts of other refractory elements, and γ′
formers Ta and Al [2, 10]. To date there are a total of six generations, however, due to the
high cost of Re and other refractory elements, only first and second generation superalloys
have been used in service [18].
The morphology of the γ′ precipitates in Ni-base superalloys has been observed to vary
significantly depending on the elastic strain energy caused by the lattice mismatch between
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(a) (b)
(c)
Figure 1.5: SEM micrographs from an overetched Ni-base superalloy showing the three
primary morphologies of MC carbides; a) blocky, b) script, c) and nodular. From Tin, et al.
[13].
the γ and γ′ phases [14]. The misfit between the lattice parameters of the two phases, δ, is
defined in Equation 1.1 and for Ni-base superalloys is typically near -0.3% [10, 20–22].
δ = aγ′ − aγ1
2(aγ′ + aγ) (1.1)
Both morphology and volume fraction are primarily functions of alloy chemistry, while
precipitate size is controlled by heat treatment. Inherent to the dendritic solidification pro-
cess, segregation of alloying elements occurs to either the interdendritic or dendrite core
regions in the as-cast microstructure. Subsequent heat treatments are used to optimize the
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Table 1.1: Composition, in weight percent, of various turbine blade alloys with the balance
being Ni [2, 10, 15–17].
Alloys Cr Co Mo W Ta Re Nb Al Ti Hf C B
Conventionally Cast Alloys
Mar-M-246 8.3 10.0 0.7 10.0 3.0 - - 5.5 1.0 1.50 0.14 0.02
Rene´ 80 14.0 9.5 4.0 4.0 - - - 3.0 5.0 - 0.17 0.02
IN-713LC 12.0 - 4.5 - - - 2.0 5.9 0.6 - 0.05 0.01
Columnar Grained Alloys
IN792 12.6 9.0 1.9 4.3 4.3 - - 3.4 4.0 1.00 0.09 0.02
GTD111 14.0 9.5 1.5 3.8 2.8 - - 3.0 4.9 - 0.10 0.01
GTD444 9.7 8 1.5 6 4.7 - 0.5 4.2 3.5 0.15 0.08 0.005
First-Generation Single Crystal Alloys
PWA1480 10.0 5.0 - 4.0 12.0 - - 5.0 1.5 - - -
Rene´ N4 9.8 7.5 1.5 6.0 4.8 - 0.5 4.2 3.5 0.15 0.05 0.004
CMSX-3 8.0 5.0 0.6 8.0 6.0 - - 5.6 1.0 0.10 - -
Second-Generation Single Crystal Alloys
PWA 1484 5.0 10.0 2.0 6.0 9.0 3.0 - 5.6 - 0.10 - -
Rene´ N5 7.0 7.5 1.5 5.0 6.5 3.0 - 6.2 - 0.15 0.05 0.004
CMSX-4 6.5 9.0 0.6 6.0 6.5 3.0 - 5.6 1.0 0.10 - -
Third-Generation Single Crystal Alloys
Rene´ N6 4.2 12.5 1.4 6.0 7.2 5.4 - 5.8 - 0.15 0.05 0.004
CMSX-10 2.0 3.0 0.4 5.0 8.0 6.0 0.1 5.7 0.2 0.3 - -
γ′ precipitate size and to homogenize the chemical segregation. Example micrographs
of two superalloys with similar compositions in the as-cast and heat treated condition are
shown in Figure 1.6.
1.3 Mechanical Properties and Deformation Mechanisms
The motivation for advances in processing and microstructure come from the necessity
to improve mechanical properties in order to increase the TET and improve efficiency. Of
particular importance is the resistance to creep, or time-dependent elevated temperature
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(a) (b)
Figure 1.6: Micrographs collected using a scanning electron microscope of a) an experi-
mental single crystal alloy in the as-cast condition and b) a commonly used single crystal
General Electric (GE) alloy Rene´ N5 after homogenization, solution, and aging heat treat-
ments. From Pollock, et al. [19].
deformation, of Ni-base superalloys, due to the tight tolerance between turbine blades and
the surrounding engine housing. Microstructural evolution and damage mechanisms during
creep testing at high temperature and low stresses will be discussed. Besides creep, fatigue
damage mechanisms during low-cycle, high-cycle, and thermomechanical fatigue loading
in Ni-base superalloys will also be summarized. The discussion will be limited to high
temperature deformation mechanisms, specifically at temperatures near 982 °C.
1.3.1 Creep
In pure or single phase simple materials, creep is well described by three distinct
regimes: primary, secondary, and tertiary. However, complex engineering alloys, such
as Ni-base superalloys, typically do not exhibit an extended secondary or steady state
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regime with a balance between hardening and recovery processes (constant creep rate);
instead, the creep rate continuously increases from a minimum rate established after a
small primary creep strain [23]. Thus, a majority of creep life is spent in the tertiary creep
regime, as seen in Figure 1.7. The mechanisms that result in the continuous acceleration
of the creep rate in this class of materials are not well understood.
Figure 1.7: Experimental creep curves from two advanced engineering alloys: a low alloy
ferritic steel and the Ni-base superalloy IN 597, illustrating that a majority of creep life is
spent in the tertiary creep regime. From Dyson, et al. [23].
Once the load is applied at temperature, during high temperature (982 °C) and low
stress (172-206 MPa) creep, there is an initial incubation period in which dislocations
percolate through the γ matrix phase [24–26]. This process is impeded by the presence of
the γ′ precipitates, forcing the dislocations to cross-slip and bow through the narrow matrix
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channels. Dislocation glide occurs preferentially along the horizontal matrix channels
perpendicular to the applied tensile load due to an estimated 2.4 times higher resolved
shear stress on ⟨110⟩ {111} slip systems in the horizontal channels [24, 27, 28]. This is a
result of the superposition of the applied load and the misfit stresses between the γ matrix
and γ′ precipitates, as shown in Figure 1.9. Once dislocations have permeated the material
to a point at which macroscopic strains can be measured, primary creep begins. During
primary creep, dislocations continue to move through the γ channels and accumulate on
γ/γ′ interfaces, gradually relaxing the misfit and consequently the misfit stresses, leading
to a decrease in the strain rate over time. The evolution of the dislocation structure in
the first generation Ni-base superalloy CMSX-3 during primary creep at 850 °C and 552
MPa is shown in Figure 1.8. In this temperature and stress regime, the γ′ precipitates are not
Figure 1.8: Transmission electron microscopy (TEM) micrographs of CMSX-3 crept at
850 °C and 552 MPa. Early in primary creep (left), dislocations begin to fill the horizontal
γ matrix channels; toward the end of primary creep (right), dislocations have filled most
horizontal and vertical matrix channels through a process of bowing. Taken from Pollock,
et al. [24].
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sheared until after a minimum creep rate has been reached.
Directional coarsening (rafting) of the precipitates also occurs during creep at high
temperatures (>900 °C). Rafting is influenced by the misfit stresses, a result of the lattice
mismatch between the γ matrix and γ/γ′ precipitates. Rafting occurs by the coalescence of
the γ′ precipitates along the less stressed matrix channels, which, for negative misfit alloys
experiencing a tensile stress, are the vertical channels; the rafting process is illustrated in
Figure 1.10 [29–32]. At the end of the primary creep regime, a minimum creep rate is
reached, and after several hours the strain rate begins to increase with time, signifying the
beginning of the tertiary creep regime. It has been observed that the strain rate becomes
roughly proportional to the accumulated strain in the tertiary creep regime. This behavior
has been rationalized by assuming that the mobile dislocation density increases as a func-
tion of the macroscopic strain and a constant describing the dislocation multiplication rate
[23, 33, 34]. The increase in mobile dislocation density results in a larger number of jogged
segments, increasing the climb velocity and consequently the creep rate [35].
Later in the tertiary creep regime, local stresses are high enough for dislocations to shear
the γ′ precipitates [2, 24]. Shearing has also been observed immediately after the primary
creep regime in some cases, and is likely a contributing factor to the acceleration of the
creep rate in the tertiary regime [36]. Unfortunately since the shearing process occurs by
the glide of anti-phase-boundary-coupled a/2⟨110⟩ dislocation pairs that enter on one side
of the precipitate and exit on the opposite side there is no physical trace of the number of
shearing events.
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Figure 1.9: Schematic showing the misfit stresses in both the γ′ precipitates and γ matrix
channels for a negative misfit superalloy a) in the unloaded state, b) with a small elastic
tensile load, and c) with a large load causing plastic deformation. Taken from Mughrabi, et
al. [22].
Figure 1.10: Illustration of rafting (directional coarsening), which is a diffusional process
requiring plastic deformation, where γ′ forming elements diffuse from the horizontal γ
matrix channels to the vertical matrix channels. From Pollock, et al. [37].
In the tertiary creep regime, damage develops in the form of cavities nucleating and
growing from solidification porosity and carbides [38]. The carbides are non-deformable
particles, creating local stress concentrations in the surrounding material that can be
relieved by local plastic deformation, decohesion of the matrix/particle interface, or by
particle cracking [39]. In polycrystalline alloys it is well known that cavities preferentially
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grow on grain boundaries transverse to the loading axis, limiting creep ductility. However,
in CG and SX, very little damage is observed early in the tertiary creep regime due to
the elimination of transverse boundaries (Figure 1.11) [23, 40]. As creep progresses,
nearby cavities coalesce and rupture occurs when cavities reach a critical fraction of the
load-bearing cross-sectional area [41, 42]. The large strains associated with tertiary creep
are not expected globally in turbine components while in service, but do occur locally at
defects due to stress concentrations.
Figure 1.11: Optical micrograph showing cracks and creep cavities after a creep test well
into the tertiary creep regime for a) single crystal and b) polycrystalline superalloys [43].
1.3.2 Fatigue
Fatigue is another potentially life limiting deformation mechanism. Low-cycle fatigue,
high-cycle fatigue, and thermomechanical fatigue (TMF) of turbine blades occurs during
service due to changing centrifugal loads during start-up and shut down, turbulent air
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flow causing natural resonance, and thermal cycling, respectively. The crystallographic
orientation of single crystal Ni-base superalloys plays an important role in the fatigue
performance of Ni-base superalloys [44, 45]. Single crystals tested along the [001]
direction have the best fatigue performance while [111] oriented crystals have the worst,
see Figure 1.12. This is a result of elastic anisotropy, with the ⟨100⟩ directions having
the lowest elastic modulus, minimizing accumulated inelastic strain per cycle in a strain
controlled fatigue test.
Figure 1.12: Strain versus the number of cycles to failure for single crystal Ni-base super-
alloy fatigue specimens oriented along different crystallographic directions, illustrating the
influence of orientation on fatigue performance. Tests were performed at 982 °C. Modified
by Reed from original work by Dalel, et al. [2, 45].
During low-cycle fatigue testing near 982 °C at total strains high enough to cause ap-
preciable plastic deformation on each cycle fatigue, crack initiation occurs at stress con-
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centrators, such as solidification porosity and carbides. Persistent slip bands (PSB) are
observed at lower temperatures in single crystal Ni-base superalloys, however, at higher
temperatures (above 850 °C), PSBs have not been observed [46, 47]. Unless the applied
loads during testing are high enough to allow shearing of γ′ precipitates, slip is limited to
the γ matrix on the most favorably oriented {111} slip planes, and bypass of γ′ precipitates
occurs by combined glide and climb [45, 48]. Coarsening of γ′ precipitates occurs during
testing at a faster rate than unloaded aging and rafting is not observed [44]. Dislocation
networks form within the first few cycles to relieve the misfit between the γ and γ′ phases
leading to a change in γ′ morphology from cuboidal in the original as aged microstructure
to spherical [44].
High-cycle fatigue occurs as a result of engine vibrations and resonance, with failure
typically occurring after 105 cycles. The fatigue testing conditions, namely mean load and
frequency, have been shown to have a significant impact on the fatigue life [49]. Wright,
et al., showed that the high-cycle fatigue life of superalloy specimens tested at elevated
temperature (above 850 °C) and a high mean stress (R-ratio greater than 0.5) was time
dependent and controlled by creep rupture life (Figure 1.13a) [49]. Due to this time de-
pendence, higher testing frequencies improved fatigue life, as shown in Figure 1.13b with
fatigue life defined as the number of cycles to failure. Tests performed at zero mean stress
(R = -1) displayed no dependence on testing frequency, with crack initiation occurring at
defects in the microstructure (carbides, porosity, and eutectics) [2, 49].
While low-cycle and high-cycle fatigue control life under certain service conditions,
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(a) (b)
Figure 1.13: Plots of a) mean stress versus time to failure and b) alternating stress versus
number of cycles to failure. Higher mean stresses (R-ratio greater than 0.5) fall on the
same line as a creep test (R = 1) and, thus, are controlled by creep rupture life. Fatigue
testing at higher frequencies increases the number of cycles to failure, further illustrating
the importance of creep deformation. Stress controlled fatigue tests were performed on
platinum aluminide coated PWA1484 single crystals at 1038 °C. Taken from original work
by Wright, et al. [49].
thermomechanical fatigue (TMF) limits life. For example, in peaking turboshaft units used
for electrical generation because of a large number of start-up and shut-down cycles TMF
limits life. Failure may occur in only several thousand cycles due to a combination of
creep deformation and a high maximum tensile stress. During a land-based gas turbine
engine startup, or take-off and landing for an aviation gas turbine engine, large thermal
gradients develop between the surface and the interior near cooling holes in turbine blades,
as shown in Figure 1.14a. Compressive stresses develop on the surface of the blade due
to the constraint provided by the cool interior [2]. During a hold period, creep relaxes the
compressive stresses and leads to the development of tensile stresses at the surface upon
unloading due to the shape constraint provided by interior blade material, leading to crack
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formation after numerous cycles; the stress response during strain-controlled fatigue testing
is shown schematically in Figure 1.14b [2, 50, 51].
(a) (b)
Figure 1.14: a) Modeled turbine blade temperature distribution during engine operation
mapped on a color scale from red to blue, with blue being the lowest temperatures; im-
age courtesy of R. Darolia (MURI 2003 Annual Meeting). b) A schematic of a sustained
peak low-cycle fatigue testing waveform showing the creep relaxation that occurs during a
compressive hold in strain control; modified by Laux from original work by Evans, et al.
[51].
During TMF, oxidation of the open crack faces occurs, creating a growth strain that
induces a compressive growth stress within the α-Al2O3 thermally grown oxide (TGO).
The growth strain arises from oxidation on the transverse grain boundaries of the TGO
[52, 53]. The local in-plane compressive stress on the surface of the blades causes
transverse out-of-plane extension of the substrate (Poisson effect) into the TGO-lined
crack [51]. Cracks extend by the effective growth of the TGO and are accommodated by
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substrate creep (Figure 1.15). This process becomes more complicated in multilayer sys-
tems, where the oxidation kinetics and growth strains will vary with the crack location [54].
Figure 1.15: A proposed crack growth model during sustained peak low-cycle fatigue,
which begins with (1) oxidation when the crack is open at a strain level of zero, corre-
sponding to a tensile stress arising from creep relaxation. (2) during compressive loading
the oxide elongates by pushing into the superalloy at the crack tip. Crack extension occurs
by elongation of thermally grown oxide (TGO) and deformation of material beneath the
TGO. (3) This process is then repeated each subsequent cycle. Taken from Evans, et al.
[51].
TMF of single crystal superalloys involves cycling of both the temperature and strain
in-phase or out-of-phase and may include hold periods, resulting in complex mechanical
behavior. Sustained peak low-cycle fatigue (SPLCF) simplifies the process by holding the
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temperature constant while using a triangular waveform in compression with a hold period
at maximum strain (Figure 1.14b). The hold period decreases the fatigue life substantially
compared to testing without a hold period by increasing the crack growth rate by approx-
imately 10 times due to creep deformation [50, 55]. Coatings also influence the fatigue
behavior, with cracks being contained within the bond coat and interdiffusion zone (IDZ)
for up to 80% of the total SPLCF life [50, 54, 56–58]. The SPLCF failure process has been
observed to consist of four successive stages: “(i) crack formation and extension through
the bond coat, (ii) interdiffusion zone (IDZ), (iii) superalloy substrate, and (iv) long crack
growth” [54].
The most obvious form of damage during fatigue is the formation and growth of sur-
face cracks perpendicular to the stress axis that, after a certain distance, deflect to a plane
oriented at roughly a 45° angle to the stress axis [50]. Rafting is also observed to occur in
the superalloy substrate during high temperature (> 900 °C) fatigue testing. For specimens
coated with a bond coat, the oxidation of the crack surface leads to a local depletion of Al,
which will transform from the commonly used β-NiAl coating into the more creep resis-
tant γ′ phase [50]. However, once the crack enters the superalloy substrate, Al depletion
will transform the γ/γ′ structure into the less creep resistant single phase γ microstruc-
ture. Subgrains have also been observed at the crack tips due to a high stress concentration.
Modeling of SPLCF crack growth into a bare superalloy substrate indicates that by creating
a soft layer surrounding a fatigue crack, with strength an order of magnitude lower than the
bulk material, the crack growth rate increases by a factor of 2-3x [54]. As the number of
21
Figure 1.16: Plot of average and maximum SPLCF crack depth as a function of fraction
of expected life, from Suzuki, et al. [50]. As expected, crack depth increases until failure,
which is typically caused by a single dominant crack.
fatigue cycles increases, the average crack spacing decreases and the average crack length
increases until failure, with most cracks observed after failure being contained within the
coating, as seen in Figure 1.16 [50]. Suggested strategies to improve the SPLCF resistance
involve (i) improving the creep resistance of the substrate (especially in compression) to
delay the development of a tensile stress and for coated specimens (ii) to improve the creep
resistance of the bond coat and IDZ to levels approaching the superalloy substrate because
80% of SPLCF life is spent propagating the cracks through these layers [50, 54]. Also, (iii)
to decrease the growth strain in the oxide, though strategies for this approach have yet to
be fully developed [54, 59].
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1.4 Superalloy Component Repair
While there has been a constant increase over the past several decades in TET to im-
prove gas turbine efficiency to save on fuel costs and lower greenhouse emissions, the repair
of engine components to extend service life is another promising avenue to reduce gas tur-
bine engine operating costs. The fundamental issues limiting the repair of the superalloy
material are addressed in this thesis.
During service, superalloy turbine components degrade over time by creep and fatigue
deformation mechanisms due to a complex combination of stresses at high temperatures.
The degradation of turbine components is typically inhomogeneous due to the spatial vari-
ation in temperature, see Figure 1.14a, and stress. Service degradation is commonly ad-
dressed by replacing the component with a new one. The high cost of the original Ni-base
superalloy components and, consequently, replacement components has encouraged the
development of rejuvenation (restoration) procedures to repair turbine blades and extend
useful service life. This is especially important for land-based gas turbine engines, where
a single turbine blade (up to 40 lbs) can cost tens of thousand dollars, due to investment
casting, coatings, composition, size and weight. Assuming a base load, gas fuel, and dry
conditions, the inspection interval for the hot-gas path of a land-based gas turbine engine
is 24,000 h, or 2.74 yrs [60]. Based on a variety of inspection criteria, including foreign
object damage, oxidation, corrosion, cracking, deflection/distortion, and clearance limits,
components may be replaced as early as the first inspection interval. If instead a repair
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treatment can be used to extend the component’s life to the second maintenance interval
(48,000 h of total service), a cost savings exists as long as the repair treatment is at least
25% less expensive than a new component, corresponding to an economic recovery factor
(ERF) of 0.75 (Equation 1.2 [61] and plotted in Figure 1.17).
ERF = Pr
Pn
× Ln
Lr
(1.2)
Figure 1.17: Plot of Equation 1.2 for an ERF = 0.75 to show the influence of the price and
life of a repaired component. In general, an ERF < 0.75 is used as a criterion to determine
if a component should be repaired rather than replaced.
Here, Pr and Pn are the price of a repaired and new component, respectively, and Lr and
Ln are the life of a repaired and new component, respectively. The ERF is the generally
accepted rule to determine if repair is economically viable.
The primary factors that influence service life are cyclic loading, firing temperature,
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fuel, and the use of steam/water cooling for land-based gas turbine engines [60]. How
the engine is operated controls the maintenance inspection interval criteria. For example,
General Electric (GE) uses a “starts and hours” criterion for heavy-duty land-based gas
turbine engines, which depends on the number of engine starts or hours of operation, re-
spectively [60]. For peaking units that are frequently powered on and off to meet sudden
increases in power demand, fatigue limits life, so the number of starts criterion is used to
determine the component inspection interval. Continuous duty engines, where oxidation,
creep, corrosion, and wear limit life, an hours of operation criterion is used to determine the
component inspection interval, as shown in Figure 1.18. Refurbishing or repair procedures
fall into three broad categories: (i) nonstructural methods such as rejuvenation heat
Figure 1.18: Schematic of the component life and inspection interval criteria used by GE
for peaking through base load land-based gas turbine engines used for power generation.
Adapted from original work by Hoeft and Gebhardt [60].
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treatment, recoating, or hot-isostatic pressing (HIP), (ii) shaping by grinding or straighten-
ing, and (iii) structural methods such as welding, brazing, or component replacement [61].
This thesis will be focused on using low cost non-structural and shaping methods capable
of being used in an industrial setting. In the next few sections, the processes of recovery
and recrystallization as related to rejuvenation heat treatments will be discussed, important
conclusions from rejuvenation literature will be made, and not yet addressed issues will be
summarized.
1.4.1 Recovery of Plastic Deformation
Recovery and recrystallization are two of the primary mechanisms capable of remov-
ing stored energy due to deformation. Rejuvenation heat treatments of advanced CG and
SX alloys rely on recovery to repair plastic deformation. The recovery process is driven
by stored energy, primarily dislocations, in the deformed material. For commercially pure
and lightly-alloyed metals (such as nickel), recovery involves the formation of dislocation
cells that are microns in diameter, followed by additional rearrangement and annihilation
of dislocations to create subgrains [62, 63]. During creep deformation, this process occurs
dynamically leading to a steady-state creep regime as discussed previously in section 1.3.1
[64]. However, dislocations in Ni-base superalloys with a high volume fraction of γ′ precip-
itates are unable to form dislocation cell structures during high temperature and low stress
deformation. Instead, dislocations form three-dimensional nodal dislocation networks in
the γ channels that are strongly influenced by the γ/γ′ interfaces [24, 27]. Dislocations
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in the nodal networks relax the misfit between the γ and γ′ phases and, consequently, are
difficult to remove by annealing heat treatments below the γ′ solvus temperature.
Recrystallization is typically defined as the formation and migration of high angle grain
boundaries that consume deformed material [65]. Recrystallization is driven by the stored
energy of deformation and, consequently, recrystallization and recovery are competing pro-
cesses. However, recovery plays an important role in the nucleation of recrystallization
because recrystallization nuclei are subgrains with a high misorientation to the surround-
ing deformed material [66–68]. Recrystallized grains in an originally CG or SX alloy
introduce high-angle boundaries oriented perpendicular to the loading direction, decreas-
ing creep rupture life as discussed in Section 1.3.1. A rejuvenation heat treatment must be
capable of causing significant recovery while avoiding recrystallization, which poses a sig-
nificant challenge due to the role of recovery processes in the nucleation of recrystallized
grains.
1.4.2 Rejuvenation: Literature Review
A majority of the reasearch on repair has focused on nonstructural methods, beginning
in the 1960s with investigations on the use of rejuvenation heat treatments to extend the
creep life of the Nimonic alloy series. Due to the difficulty and expense of replicating
service conditions, simple creep tests have generally been used to induce damage. A suc-
cessful rejuvenation is typically defined by the following four parameters, as compared to
a baseline uninterrupted test(s) to failure: the recovery of the rupture life, time to a certain
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percent creep strain, minimum creep rate, and creep curve behavior. Several papers pub-
lished on Nimonic 80A indicate that the creep life was successfully extended by simply
periodically annealing the crept samples at the creep temperature of 750 °C or at the aging
temperature of 820 °C with no applied stress [69, 70]. The authors rationalized this behav-
ior by assuming that, with the removal of the tensile load, the cavity surface tension was
sufficient to cause sintering of creep cavities. However, indefinite creep life was not attain-
able due to extensive overaging of the microstructure. Nimonic 80A is polycrystalline with
a γ′ volume fraction of only 0.15 contained in a Ni-20 wt% Cr matrix.
Later rejuvenation studies involved polycrystalline alloys such as Nimonic 90, Nimonic
105, Nimonic 115, and Inconel alloys that contained a higher volume fraction of the γ′
phase and more solid solution strengtheners [71–74]. Hart and Gayter found that success-
ful rejuvenation depended on the creep conditions, namely the stress and temperature [73].
When voids grew as a result of stress-directed vacancy flow at high temperatures and low
stresses (807 °C, 108 MPa), they could be sintered via heat treatment at the creep tem-
perature, extending creep life. However, when cracks were initiated by grain boundary
sliding during creep testing at lower temperatures and higher stresses (650 °C, 597 MPa),
a rejuvenation heat treatment was unable to repair the damage and extend creep life. It
became apparent from these early studies that the design of a successful rejuvenation heat
treatment requires knowledge of the dominant tertiary creep mechanism in the alloy at the
creep conditions of interest [75], unsuccessful rejuvenation being a direct result of incom-
plete recovery of the dominant tertiary creep mechanism.
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In order to restore creep behavior, previous studies have generally used complex heat
treatments involving solutioning and aging. If creep cavities or cracks were present, then
hot isostatic pressing (HIP) was also required to extend creep life. However, a number of
studies were conducted such that tests were interrupted prior to the formation of creep cav-
ities or cracks to avoid using HIP. For example, successful repair procedures for Nimonic
105, Nimonic 115, and IN100, where microstructural evolution initiates tertiary creep, in-
volved only the dissolution of the γ′ precipitates during solutioning, reprecipitation during
cooling, and aging to a γ′ size similar to the initial microstructure [73, 74]. Additionally,
Dennison, et al., were able to extend the creep life of IN100 by three times when compared
to an uninterrupted creep test to failure by applying a solution and aging rejuvenation heat
treatment after every 1% strain, as shown in Figure 1.19 [74]. In general, the use of HIP
proved to be of limited benefit in alloys where the development of cavities did not occur
until late in the tertiary creep regime [76, 77].
The most comprehensive rejuvenation study to date was conducted by Ross, et al., on
IN100(PC) and DS Mar-M200+Hf [78]. The repair procedure consisted of a rejuvenat-
ing solution heat treatment at the γ′ solvus temperature and either a single or two step
age. Damage was induced by either creep, fatigue, or fatigue tests with a hold period at
maximum tensile strain. The maximum recoverable creep strain for both IN100(PC) and
Mar-M200+Hf(CG) was 1%, with creep test conditions of 899 °C/276 MPa and 982 °C/172
MPa for IN100(PC) and Mar-M200+Hf(CG), respectively. Multiple rejuvenation of Mar-
M200+Hf(CG), interrupted at every 1% strain, was successful up to a total creep strain
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Figure 1.19: Creep curves measured during a multiple rejuvenation test of Ni-base super-
alloy IN100(PC). Creep tests were performed at 950 °C and 185 MPa with one specimen
tested to failure and the other interrupted and rejuvenated every 42 hours, leading to a fac-
tor of three extension in rupture life. Figure taken from original work by Dennison, et al.
[74].
of 3%, after which the minimum creep rate increased and the time to an additional 1%
strain significantly decreased, as shown in Figure 1.20. Surface cracking, detected by vi-
sual and fluorescent penetrant inspections, was believed to be the cause of the loss of creep
properties. Rejuvenation of specimens tested in fatigue or dwell fatigue showed no im-
provement, or in some cases a decrease in the total number of cycles to failure compared to
a non-rejuvenation baseline test. The authors also attempted to use eddy current inspection
to non-destructively evaluate the surface or subsurface strain damage at various levels of
creep strain up to 3%. No difference between the untested and crept specimens was de-
tected, suggesting that either no significant damage was present in specimens with up to
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3% creep strain or that the eddy current inspection technique was not sensitive enough [78].
(a)
(b)
Figure 1.20: Multiple rejuvenation tests of a Mar-M200+Hf(CG) specimen interrupted
at every 1% creep strain; from Ross, et al. [78]. a) Tracking the total creep rupture life
indicated no difference in life between two and three rejuvenation cycles. b) The minimum
creep rate remained fairly constant during four creep tests to the 1% creep strain threshold
and a majority of creep time was spent in the primary and secondary creep regimes.
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Repair procedures have also been applied to specimens machined from service-exposed
turbine blades. Wortmann applied HIP repair procedures to creep and fatigue specimens
machined from Nimonic 108(PC) blades that had been in service for half of their expected
operating lives [79]. Creep tests were conducted at 890 °C/190 MPa, with tertiary creep ex-
pected to be initiated by creep cavity formation on grain boundaries oriented perpendicular
to the loading axis. HIP was performed at 1065 °C (above the γ′ solvus) at 140 MPa for 1 h
followed by aging. Rejuvenated specimens exhibited a mean rupture life of approximately
double the baseline, with fatigue life being unaffected.
Maccagno, et al., reported similar results for IN713C(PC) turbine blades [80]. The
most successful rejuvenation treatment consisted of a heat treatment and HIP, with creep
life being restored to the undeformed baseline levels as long as topologically close packed
phase were not present. The size and distribution of γ′ precipitates were similar to those in
the pre-crept blades due to the HIP above the γ′ solvus temperature and subsequent aging.
Work conducted by Lvova, on GTD111(PC) turbine blades focused on drawing corre-
lations between the microstructure and stress-rupture lives of specimens machined from the
blades [81]. Stress-rupture tests were performed at 815 °C/480 MPa. Both blades examined
had been operating in the same engine for 12,781 h, however “Blade 2” was rejuvenated
after 24,000 h of service in another engine, while “Blade 1” had been put into the engine
new. The repair procedure was considered proprietary, however, it is known that Blade
2 had been recoated and HIP was not performed. The stress-rupture life of specimens
machined from the airfoil section of Blade 1 had double the life of Blade 2 specimens.
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Based on metallographic examination, the reason for the discrepancy in stress-rupture lives
was attributed to the decomposition of primary MC carbides. While both blades displayed
similar carbide decomposition mechanisms, agglomeration of excessive secondary M23C6
carbides at the grain boundaries was more prevalent in the rejuvenated Blade 2, leading to
easy crack formation and growth [81]. McCall also observed a significant change in carbide
morphology after service and heat treatment, with the formation of a narrow film of MC
and M23C6 carbides on grain boundaries in IN700(PC) and INX750(PC) turbine blades
[82]. Conducting rejuvenation heat treatments at shorter service life intervals was sug-
gested to minimize the primary MC carbide decomposition and subsequent M23C6 carbide
grain boundary precipitation. Lamberigts, et al., performed repair procedures on specimens
machined from Mar-M-200+Hf(CG) turbine blades [83]. Service damage was simulated
by performing stress-rupture tests. HIP at a temperature near the γ′ solvus (1230 °C), fol-
lowed by full solutioning and aging, was used to completely heal γ′ rafting and incipient
melting. The performance of rejuvenated specimens fell within the experimental scatter of
pre-crept specimens.
1.4.3 Summary and Important Conclusions
Based on the published work on rejuvenation of Ni-base superalloys, the following
observations are relevant:
● Repair procedures used in literature consist of HIP and/or solution + aging rejuve-
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nation heat treatments near or above the γ′ solvus temperature. The effect of the
coating is rarely considered and recoating procedures are generally not used.
● The most commonly used criteria to determine the effectiveness of a rejuvenation
procedure are the recovery of the baseline creep rupture life for tests performed to
failure after rejuvenation or the time to a creep strain threshold for interrupted tests.
A creep strain threshold is required to perform multiple rejuvenation tests and in-
volve repeated cycles of creep testing to the threshold creep strain level followed by
rejuvenation. In some cases the minimum creep rate and shape of the creep curve are
also monitored.
● The maximum amount of creep deformation experimentally determined to be recov-
erable by heat treatment (solution + aging) varies between 1-3% strain.
● Creep testing has been employed to induce damage in nearly all rejuvenation studies,
with only a few investigators employing fatigue testing.
● In the limited studies that have performed fatigue testing, rejuvenation has never been
successful in recovering fatigue properties in either low-cycle, high-cycle, or dwell-
fatigue. It should be noted that the reasons for failure are unknown and have been
poorly investigated.
● The Ni-base superalloys investigated have been conventionally cast except in a few
rare cases, which during service are exposed to less severe conditions (firing temper-
atures) compared to the modern alloys currently employed in turbine engines.
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● HIP provides additional recovery compared to conventional heat treatment when cav-
ities or cracks are present, as the addition of isostatic pressure causes them to sinter.
In DS alloys in which creep cavitation is not observed until late in the tertiary creep
regime, HIP provides limited benefit if specimens are rejuvenated after secondary or
early tertiary creep. Some authors have shown success with using HIP on DS alloys
after low creep strain, however, HIP in these scenarios also serves as a solution treat-
ment if performed near the γ′ solvus and this is the likely reason for the recovery of
creep properties.
● In order to develop a successful repair procedure, the damage mechanisms that occur
during tertiary creep must be characterized in detail, particularly in CG or SX alloys,
where the tertiary creep regime often accounts for a large fraction of the total creep
life.
● Some authors report that rejuvenation treatments can be applied indefinitely, however
they fail to test this hypothesis by performing multiple rejuvenation heat treatments.
Generally it has been concluded that creep rupture life cannot be extended indefi-
nitely via rejuvenation due to accumulated physical damage that is not recovered.
● Recrystallization is generally not discussed in the rejuvenation literature. This may
be a result of the use of PC Ni-base superalloys, where recrystallization would be
expected to have less of an impact on the mechanical properties than in DS alloys.
Also, advanced microscopy instruments including electron backscatter diffraction
35
(EBSD) had not been widely available.
1.4.4 Unanswered Questions & Challenges Limiting Successful Reju-
venation
Based on the available rejuvenation and repair literature along with the available work
on the progression of creep and fatigue damage in both CG and SX Ni-base superalloys, a
number of questions remain unanswered and motivate the investigations that will be pre-
sented in this thesis.
● Is rejuvenation possible in advanced DS alloys and, if so, at what total creep strain
level is rejuvenation no longer viable? See Figure 1.21 for a schematic of a successful
multiple rejuvenation test. The total creep strain in this schematic is comparable to
the baseline uninterrupted creep test to rupture.
● Can rejuvenation treatments be developed to recover damage and, consequently, re-
cover both the creep and fatigue properties?
● Can non-destructive evaluation (NDE) techniques be applied successfully to deter-
mine the presence of non-recoverable damage?
● For the case of CG and SX alloys, can recrystallization be avoided during rejuvena-
tion heat treatments?
● How does the presence of a coating influence rejuvenation?
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Figure 1.21: Schematic illustrating the expected result (green line) from a successful mul-
tiple rejuvenation creep test compared to an uninterrupted creep test (blue line). In this
illustration, successful rejuvenation is defined by a longer total creep life when compared
to an uninterrupted test.
Tertiary creep damage in GTD444(CG) and Rene´ N5(SX) is most likely a combination
of several different mechanisms, which were discussed previously. It is hypothesized that
the dominant tertiary creep damage mechanism is at least initially related to rafting, shear-
ing of the γ′, and an increase in the mobile dislocation density. This assumption provides
guidance on the development of an appropriate repair procedure that will include only a
solution + age rejuvenation heat treatment to recover the initial cuboidal γ′ microstructure.
By restoring the initial microstructure, the creep behavior is expected to be recovered and
comparable to the virgin material. HIP is considered unnecessary due to the lack of cav-
itation at low strains in DS alloys. Fatigue damage is limited to rafting, localized plastic
deformation, precipitate shearing, and surface cracking. Grinding/polishing away surface
material to a sufficient depth to remove surface cracks will be used along with a solution +
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age heat treatment to restore a cuboidal precipitate morphology.
The primary challenge limiting successful rejuvenation is finding a balance between
complete recovery of the damage induced during service/mechanical testing and avoiding
recrystallization during heat treatment of the DS components. A series of experiments
performed on GTD444(CG) and Rene´ N5(SX) superalloy castings, outlined in the next
chapter, have been performed to develop successful repair procedures to extend the life of
advanced DS Ni-base superalloys.
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Chapter 2
Materials and Methods
This chapter discusses the various experiments performed on Ni-base superalloy mate-
rials to explore the feasibility of recovering damage and extending service life by using re-
juvenation treatments. The specifics of the mechanical testing, non-destructive evaluation,
shot peening, and heat treatments performed are discussed in detail. Various microscopy
analyses were also conducted to explore microstructural evolution and to elucidate the cri-
teria required for successful rejuvenation.
The superalloy material, kindly provided by GE Power, consisted of GTD444(CG)
and Rene´ N5(SX) 24 x 13 x 1.5 cm Bridgman cast plates that were solutioned and aged
with standard commercial cycles prior to machining. Nominal compositions are shown in
Table 1.1. Special care was taken to minimize surface residual stresses in the creep and
fatigue specimens by machining with a low stress grinding processes. Specimen designs
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for both creep and fatigue testing are shown in Figure 2.1. The rationale for using creep
and fatigue tests to induce damage is based on the reported service limiting deformation
mechanisms, as discussed previously in Section 1.4. The major chemical differences
between GTD444(CG) and Rene´ N5(SX) include: the absence of Ti and addition of Re
in Rene´ N5(SX) along with lower levels of the grain boundary strengtheners carbon and
boron.
(a)
(b)
Figure 2.1: Schematic diagrams of a) the creep specimens and b) sustained peak low-cycle
fatigue specimens tested in this thesis work.
2.1 Creep Testing
Creep tests were performed under constant load in air at two conditions, depending
on the alloy: 982 °C/179 MPa for GTD444(CG) and 982 °C/206 MPa for Rene´ N5(SX)
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specimens. ATS creep frames, shown in Figure 2.2, were used to perform the creep
tests according to ASTM E139-11. Initial creep specimens were tested to rupture and
subsequent tests were interrupted at 2%, 5%, 10%, and 20% creep strain to examine the
microstructural evolution and damage as a function of strain. All GTD444(CG) and Rene´
N5(SX) creep specimens tested were machined and consequently crept along the nomi-
nally [001] crystal direction within a 15° tolerance. Interrupted creep tests were allowed to
cool under load to at least 649 °C before being unloaded and removed from the creep frame.
Figure 2.2: Image of the creep frames used to conduct creep tests on GTD444(CG) and
Rene´ N5(SX) specimens.
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2.2 Sustained Peak Low-Cycle Fatigue Testing
Strain controlled sustained peak low-cycle fatigue (SPLCF) testing was conducted on
bare Rene´ N5(SX) . The specimens were tested along the [001] crystal direction within a
15° tolerance at a constant temperature of 982 °C in air with a strain range of 0.6% and R
= -∞ (A = -1.0). The testing waveform consisted of a 120 s compressive hold followed
by a 3 s loading-unloading cycle, as shown in Figure 1.14b. The progression of fatigue
damage was determined by examining specimens tested to 10%, 20%, 30%, 50%, and 75%
of expected fatigue life based on one specimen tested to failure. The number of cycles
to failure was defined by a 25% tensile load drop from the stabilized value. The initial
SPLCF tests to failure and at various fractions of expected life were performed by Metcut®
Research Inc. (Cincinnati, OH), however, due to the cost and time involved with using
a third party mechanical test facility, SPLCF multiple rejuvenation testing of bare Rene´
N5(SX) specimens was conducted at the University of California, Santa Barbara using a
modified MTS® (Eden Prairie, MN) hydraulic test frame, as shown in Figure 2.3.
An Ambrell® (Victorville, CA) induction heater system was used to heat fatigue speci-
mens to the required testing temperature of 982 °C. The temperature was set and maintained
by using a Eurotherm® (Worthing, United Kingdom) model 2404 controller to vary the in-
duction heater power output and a Micro-Epsilon® (Raleigh, NC) two-color laser pyrome-
ter to measure the specimen temperature. A two-color pyrometer, with basic components
shown schematically in Figure 2.4a, measures emitted infrared radiation that increases in
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Figure 2.3: Images of the modified MTS® hydraulic test frame that was used to perform
sustained peak low-cycle fatigue tests. Key components of the setup are highlighted and
labeled.
intensity as the temperature of the specimen increases. The wavelength of infrared radiation
varies from between 1 µm and 15 µm, see Figure 2.4b, and the baseline infrared or ”thermal
radiation” intensity depends on the emissivity of the material.
A two-color sensor was employed to measure temperature from the ratio of the radiated
energies in two separate wavelength bands (colors). This allows accurate measurements
to be made without knowledge of the material emissivity, which is difficult to determine
experimentally. However, the slope, or the quotient of the emissivities of both wavelength
bands, was adjusted so the measured two-color pyrometer temperature matched the temper-
ature determined by an R-type thermocouple in contact with the fatigue sample. The slope
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(a)
(b)
Figure 2.4: a) Diagram of the basic components contained in a pyrometry system and b)
the electromagnetic spectrum with the wavelength range measured by infrared pyrometers
indicated.
changed as oxidation occurred on the initially polished specimen requiring a hold time at
temperature of four hours before the slope value stabilized. It is important to note that an
R-type thermocouple could not be used to monitor temperature for the entire SPLCF test
due to the thin wire gauge required to avoid interaction with the induction field. Typically,
an R-type thermocouple would operate for roughly 12 hrs before failing.
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2.3 Microstructural Analysis
The microstructure was examined for both alloys after creep and fatigue testing to deter-
mine the onset of recrystallization, extent of rafting, formation of cavities or voids, changes
in carbide morphology, and precipitation of brittle intermetallic phases. The results were
compared to the pre-crept microstructure. Metallographic preparation of pre-crept and
crept specimens involved mounting sections parallel and transverse to the stress axis in
Bakelite, followed by standard grinding and polishing with a final polish of 0.05 µm alu-
mina. Sections were cut via electrical discharge machining (EDM) and specimens were
ultrasonically cleaned after each polishing step in distilled water.
Two etchants were used to inspect the microstructure: 40% hydrochloric acid, 40%
ethylene glycol and 20% nitric acid for macroetching of GTD444(CG); 33% distilled
water, 33% acetic acid, 33% nitric acid and 1% hydrofluoric acid for microetching of
GTD444(CG) and Rene´ N5(SX) . In some instances, a equal parts 0.05 µm colloidal silica
and distilled water solution was used for a final vibratory polishing for 4 h in lieu of the
0.05 µm alumina polishing step. Due to the chemo-mechanical polishing effect of colloidal
silica, additional etching was unnecessary to sufficiently reveal the γ/γ′ microstructure. To
fully remove the damage caused by grinding/polishing, colloidal silica was also used to pre-
pare specimens for characterization by electron backscatter diffraction (EBSD), where the
quality of the diffraction pattern significantly depends on the condition of the near-surface
material, as shown in Figure 2.5.
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Figure 2.5: Representative EBSD patterns collected from a) well prepared and b) poorly
prepared zirconium, illustrating the importance of sample preparation, taken from Wright,
et al. [84].
Electron microscopy was performed at the microscopy facility located in the California
Nanosystems Institute at UCSB. An FEI® (Hillsboro, Oregon) XL30 field emission gun
(FEG) scanning electron microscope (SEM) was used exclusively to collect SEM micro-
graphs. Detectors attached to this microscope include: standard secondary electron (SE),
dedicated backscattered electron (BSE) detector, an EDAX® (Mahwah, NJ) Si-drift EDX
detector for compositional analysis, and an EDAX® EBSD detector that provides crystal-
lographic information. A 20 keV accelerating voltage and a spot size between 4 – 6 were
used for SE and BSE imaging.
EBSD was performed on samples to determine the crystal orientation and, with sub-
sequent data analysis, the local misorientation by calculation of the Kernal average mis-
orientation (KAM) and grain orientation spread (GOS), through which the presence or
absence of both dynamic and static recrystallization can also be determined. The KAM is
defined for a given point (pixel) as the average misorientation of that point with respect to
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(a) (b)
Figure 2.6: Schematics illustrating a) the EBSD collection setup inside an electron micro-
scope specimen chamber and b) the formation of Kikuchi patterns due to the generation
of diffracted electrons as a result of electron beam and specimen interactions. Taken from
Maitland, et al. [85].
its neighbors, the grain reference orientation deviation (GROD) is the orientation difference
between a point and the average orientation of the point-containing grain, and the GOS is
the average deviation in orientation between each point in a grain and the average orien-
tation of that same grain, leading to the assignment of a single GOS value for each grain
[84, 86, 87]. Typical scan conditions involved a sample tilt of 70 °C, a working distance
of between 8 – 12 mm, beam voltage of 20 kV and a step size of 0.06 – 10 µm depending
on the size of the area scanned and the features investigated. The EBSD collection setup
is shown schematically in Figure 2.6. The minimum grain size was set to 5 voxels and a
grain tolerance angle of 5° was used to partition the raw data.
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2.3.1 Resonant Ultrasound Spectroscopy
In concert with mechanical testing, a non-destructive evaluation (NDE) technique,
specifically resonant ultrasound spectroscopy (RUS), was employed for damage detection.
RUS was used to monitor resonant frequency shifts primarily caused by changes in the
elastic properties of the material due to recrystallization. RUS measurements were col-
lected using a setup provided by Vibrant NDT Corporation, shown in Figure 2.7. The setup
consists of four piezoelectric transducers, a transceiver unit, and a control software pack-
age developed by Magnaflux. A drive transducer sends elastic waves through the specimen
from 1 – 200 kHz, while two other transducers receive the resulting amplitudes every 3 Hz.
A fourth transducer is required to properly support the specimen.
Scans require approximately one hour to complete and this technique has been shown
to precisely replicate resonant frequencies within 0.02 – 0.05% of the driving frequency
for SiC spheres [88]. Frequencies corresponding to resonance peaks were determined and
tracked to calculate a resonance frequency shift due to a change in specimen condition.
RUS scans were collected from creep and SPLCF specimens in various conditions includ-
ing but not limited to: the as-machined (baseline), plastically deformed, and heat treated
(rejuvenated).
48
(a)
(b)
Figure 2.7: a) Schematic and b) image of a creep sample in the RUS setup developed
by Vibrant and modified to inspect mechanical test specimens. The specimen rests on
four piezoelectric transducers (PTs). A swept sinusoidal signal is driven through one PT
from 1 to 200 kHz, exciting resonance in the specimen. Resonance generates macroscopic
deflections that are measured by two other PTs that generate a corresponding voltage.
2.4 Heat Treatments
Coupons were cut from specimens of GTD444(CG) and Rene´ N5(SX) that were crept
to 2% and 5% strain for initial rejuvenation heat treatment studies. Virgin coupons were
also heat treated to determine the influence of strain on the dissolution, reprecipitation,
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and growth of the γ′ phase. The heat treatment conditions are summarized in Table 2.1
with only the solution temperature being changed between experimental variants. Cooling
and heating rates were chosen to be consistent with GE Power material specifications,
and were performed in a reducing atmosphere of 5% H2/Ar. All heat treatments were
performed in a OXY-GON® vacuum resistance furnace, shown in Figure 2.8, that had a
hot zone large enough to accommodate full size creep and fatigue specimens. A calibrated
external R-type thermocouple was used to monitor the coupon/specimen temperature.
Figure 2.8: Image of the OXY-GON® vacuum resistance furnace used to perform heat
treatments of coupons and mechanical test specimens in a reducing atmosphere.
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Table 2.1: Summary of the rejuvenation heat treatments performed on 2% crept, 5% crept,
and virgin coupons of GTD444 and Rene´ N5(SX). The only difference between heat treat-
ments was the solution temperature, which was at either the γ′ solvus temperature or at a
multiple of 14 °C below the full γ′ solvus temperature.
Solution Temp. Time (h) Aging Temp. °C Time
GTD444(CG) Full Solvus 2 1079 4
-14 °C 2 1079 4
-28 °C 2 1079 4
Rene´ N5(SX) Full Solvus 2 1079 4
-14 °C 2 1079 4
-28 °C 2 1079 4
-42 °C 2 1079 4
-56 °C 2 1079 4
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Chapter 3
Microstructural Evolution and Damage
During Mechanical Testing
In this chapter, the damage processes that occur as a function of strain during creep of
a CG alloy and a SX crystal alloy are examined. Detailed EBSD analysis provides new
insights that are incorporated into a creep damage model. Fatigue damage arising during
SPLCF testing to various fractions of expected life was also examined through metallogra-
phy and quantitative measurements of crack depth and spacing.
1The contents of this chapter have substantially appeared in references [89, 90]: L. H., Rettberg, M.
Tsunekane, and T. M. Pollock. Rejuvenation of Ni-base Superalloys GTD444(DS) and Rene´ N5(SX). Super-
alloys 2012 (2012): 341-349 ©2012 Wiley and L. H., Rettberg, and T. M. Pollock. Localized recrystalliza-
tion during creep in Ni-base superalloys GTD444 and Rene´ N5. Acta Materialia 73 (2014): 287-297 ©2012
Elsevier.
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3.1 Creep
Creep tests of both GTD444(DS) and Rene´ N5(SX) to rupture exhibited an extended
tertiary creep regime as expected. Representative strain rate and creep strain versus time
plots of a Rene´ N5(SX) specimen are shown in Figure 3.1. A photograph of a GTD444(CG)
specimen crept to rupture, Figure 3.2, shows significant necking that extends several mil-
limeters away from the fracture surface. Metallographic examination of additional constant
load creep tests performed to 2%, 5%, 10% and 20% strain provided information on rafting,
cavitation, and localized dynamic recrystallization, a newly observed creep phenomenon
for DS Ni-base superalloys. Refer to Section 2.1 for additional details on the creep testing
procedure.
I I II
(a) (b)
Figure 3.1: a) Creep strain rate with the I. primary, II. secondary, and III. tertiary creep
regimes labeled, and b) creep strain plotted as a function of time. The data was obtained
from a creep test of a Rene´ N5(SX) specimen at 982 °C/206 MPa.
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Necked Region
{
Figure 3.2: Photograph of a GTD444(CG) specimen crept to rupture at 982 °C/179 MPa.
Notice the significant necking near the fracture surface.
3.1.1 Microstructural Evolution
Examination of the post-test microstructure indicated that, due to the negative lattice
misfit of both alloys, rafting occurred perpendicular to the stress axis, Figure 3.3. Rafting
is unavoidable in the studied alloys due to the level of misfit present in most commercial
alloys. The rafted structure coarsens over time at high temperature, resulting in the thickest
rafts being observed after failure. Complete inversion of the microstructure (γ′ becoming
the continuous matrix phase) did not occur likely due to the low volume fraction of the
γ′ phase in the alloys investigated. The formation of the rafted structure is well studied,
although its effect on the creep behavior is a subject of much debate in literature, with
many authors reporting contradictory results. Early work indicated that rafting improved
the creep performance, however, subsequent reserach has shown that the influence of raft-
ing depends on the superalloy and the test conditions [27, 91]. It is currently believed that
during testing at higher stresses, rafting is detrimental to creep performance, and during
testing at low stresses, it is beneficial [30, 92, 93]. At high stresses, dislocations can cut
the γ′ rafts and the overall effect of rafting on the creep performance is detrimental due
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to concurrent coarsening of the microstructure. At low stresses, where climb is the rate
controlling mechanism and the dislocations cannot readily penetrate the γ′ rafts, the dislo-
cations circumvent the rafts by climb and glide. Thus, since rafting creates long horizontal
interfaces, it is expected that the creep resistance will be improved [22].
(a) (b) (c) (d)
(e) (f) (g) (h)
Figure 3.3: Montage of secondary electron micrographs showing the progression of rafting
as a function of accumulated creep strain for GTD444(CG) a) virgin, b) 2% creep strain,
c) 5% creep strain, and d) post-failure, and similarly for Rene´ N5(SX) (e–h). The stress
axis is along the vertical direction of the page. The scale is the same for all images and the
samples were etched. The etchant used for both alloys consisted of 33% distilled water,
33% acetic acid, 33% nitric acid, and 1% hydrofluoric acid.
Creep cavitation was also monitored at the tested levels of creep strain by using optical
microscopy, Figure 3.4. No significant creep cavitation was observed at 2% or 5% creep
in either alloy. The Rene´ N5(SX) specimen crept to approximately 20% did show minor
cavitation, Figure 3.5, and extensive cavitation was observed near the fracture surface in
post-failure specimens.
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(a) (b) (c) (d)
Figure 3.4: Montage of optical micrographs showing the initial porosity and creep cavi-
tation in Rene´ N5(SX) as a function of strain. The microstructure was examined in the a)
virgin, b) 2% strain, c) 5% strain, and d) post-failure conditions. The amount of porosity
and creep cavitation for GTD444(CG) was similar to Rene´ N5(SX) at all conditions. The
scale is the same for all images and the samples were imaged in the as polished condition.
The stress axis is along the vertical direction of the page.
Close examination of the cavities in a failed specimen revealed that the cavities are
typically located in the interdendritic regions near carbides, Figure 3.6. Cavities are also
commonly reported in literature to form around carbides, topologically close packed (TCP)
phases, and casting porosity in the interdendritic regions of the microstructure [39, 94–97].
Carbides and TCP phases are hard, non-deforming particles and act as stress concentrators,
resulting in enhanced dislocation activity in surrounding areas and crack formation. Like-
wise, pores, inherent to the casting process, are defects that can grow readily into cavities
during creep.
An interesting result was reported by Ai, et al., in a CMSX-2(SX) specimen with only
15 ppm carbon that was crept to 15% strain at 850 °C/520 MPa [38]. The authors deter-
mined that the number of pores in the as-received material was comparable to the number
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Figure 3.5: Optical micrograph showing creep cavitation in a Rene´ N5(SX) specimen crept
to approximately 20%. The stress axis is along the horizontal direction of the page.
Figure 3.6: Secondary electron micrographs of creep cavities in a Rene´ N5(SX) specimen
crept to rupture. The loading direction is along the vertical direction of the page. The scale
is the same in both images.
of pores in a specimen interrupted during advanced tertiary creep, indicating limited nucle-
ation of new cavities during creep. This was attributed to the low carbon levels in the alloy
and the associated low fraction of carbides. Failure should then be controlled by the rate at
which existing defects (porosity) grow. However, it should be noted that these results were
collected from 2D sections and may not be represent the true behavior. Both alloys used
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in this study have carbon levels an order of magnitude higher than the CMSX-2(SX) alloy
used in Ai’s work.
Two EBSD scans were collected from an area with the largest observed cluster of creep
cavities in a GTD444(CG) specimen crept to rupture, as shown in Figure 3.7. The inverse
pole figure maps and, more clearly, the GOS maps of EBSD Scan 1 indicate that recrystal-
lization has occurred; similar results were observed in Rene´ N5(SX) samples, see Figure
3.8. This is an interesting result as the coherent γ′ precipitates would be expected to pro-
vide a significant barrier to the growth of recrystallized grains; this will be discussed in
more detail in a later section.
Figure 3.7: Backscatter electron image of a cluster of creep cavities located near the frac-
ture surface in a GTD444(CG) specimen crept to rupture. Two electron backscatter diffrac-
tion scans were collected from this region, EBSD Scan 1 and EBSD Scan 2, which cor-
respond to Figures 3.8 and 3.9, respectively. The loading direction is along the horizontal
direction of the page.
58
The areas around creep cavities near the fracture surface are misoriented by as much as
40° compared to the cavity-free regions. The crystallographic orientation of the recrystal-
lized grains is random, indicated in Figure 3.8(d), and the average grain diameter is 0.71 µm
with a standard deviation of ±0.46 µm. A GOS value of less than 3° was used as the cutoff
between recrystallized and non-recrystallized material, as shown in Figure 3.8(c). Scans
of other areas indicated that recrystallization typically occurred near carbides and around
creep cavities, especially in the areas connecting neighboring cavities. Figure 3.9, the area
of which corresponds to EBSD Scan 2 in Figure 3.7, shows two clusters of creep cavities
connected by a band of recrystallized grains over a distance of ∼70 µm. Recrystallization
was not observed around every carbide or cavity and was less common in areas further
away from the fracture surface. Based on the available literature, subsurface dynamic re-
crystallization during creep in DS Ni-base superalloys has not been reported previously.
This may be due to the difficulty in detecting the presence of recrystallized grains, which
is not obvious in SE or BSE micrographs, see Figures 3.7 and 3.8a.
Limited recrystallization was also observed in a Rene´ N5(SX) creep specimen inter-
rupted at 20% strain, occurring in small ligaments of material near creep cavities that were
presumably deformed significantly, as shown in Figure 3.10a. Similar to GTD444(CG),
after rupture, Rene´ N5(SX) specimens showed bands of recrystallized grains connecting
nearby creep cavities, see Figure 3.10b. After holding a Rene´ N5(SX) specimen at 982 °C
for 50 h after rupture, the recrystallized grains grew to an average diameter of ∼2.3 µm, as
shown in Figure 3.10c. The recrystallized grains are believed to grow by the dissolution
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(a) (b)
(c)
(d) (e)
Figure 3.8: a) Backscatter electron image, b) loading direction inverse pole figure map,
and c) grain orientation spread map from a GTD444(CG) specimen crept to rupture. The
loading direction is along the horizontal direction of the page. The bright white regions in
(a) are carbides. Maps were collected in the interdendritic regions near the fracture surface.
d) Partitioning the scan to include only grains with a grain orientation spread less than 3°
allows the texture of the recrystallized grains to be determined (e). Points in (e) are scaled
by the size of the grain they represent. All EBSD maps have the same scale.
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of the γ′ precipitates at the grain interface followed by discontinuous precipitation to
relieve the supersaturation of solute, Figure 3.10d. Some grains (<2 µm) were composed
of only the γ or the γ′ phase.
(a)
(b)
Figure 3.9: a) A band of recrystallized grains connects two groups of creep cavities in a
loading direction inverse pole figure map from a GTD444(CG) specimen crept to rupture.
b) A grain orientation spread map is shown from the same region. The loading direction is
along the horizontal direction of the page. Both maps have the same scale.
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Figure 3.10: Inverse pole figure maps with respect to the loading direction of Rene´ N5(SX)
specimens a) crept to 20% strain, b) after rupture, and c) held at 982 °C for 50 h after rup-
ture. The region of recrystallization is highlighted by a white box in (a). d) To characterize
the particle-interface interaction, backscattered electron micrographs were collected. The
loading direction is along the horizontal direction of the page.
3.1.2 Localized Dynamic Recrystallization
Although briefly mentioned in Section 1.4.1, the discovery of localized dynamic recrys-
tallization in crept specimens warrants a more detailed discussion of the recrystallization
process specific to advanced Ni-base superalloys with significant (≥ 50%) volume fraction
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of the γ′ phase. The driving force for recrystallization is the stored energy in the material,
as reflected in the dislocation density. The boundary energy of the newly formed grain and
the coherent γ′ precipitates serve as the barriers to recrystallization. During recrystalliza-
tion in Ni-base alloys there are two types of boundary-particle interactions of relevance
[98]:
1. Dissolution of γ′ precipitates at the moving interface and reprecipitation in the new
grain, either discontinuously or continuously.
2. Pinning of the boundary by γ′ precipitates and coarsening with solute supplied along
the grain boundary.
The balance between the local driving force and local barriers to recrystallization de-
termine which type of interaction will occur. It has been observed experimentally, Figure
3.10d, that type (1) is active during creep at 982 °C/179-206 MPa provided that the strain is
≥ 20%, meaning that a high level of stored energy is needed to overcome the local barriers.
The onset of dynamic recrystallization in Ni-base superalloys is examined in the follow-
ing sections and approximate calculations examine the stored energy and recrystallization
barrier.
3.1.2.1 Nucleation
During high temperature creep in the present study at T /Tm ≃ 0.7, the stored energy
is expected to be low. Unlike bulk single phase Ni, Ni-base superalloys do not form a
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well-defined subgrain structure, making the nucleation of recrystallized grains inherently
difficult [27]. However, in local highly deformed regions, subgrains have been observed
in Ni-base superalloys [99, 100]. The observations in the present study demonstrate that
the presence of cavities and carbides in GTD444(CG) and Rene´ N5(SX) can result in local
regions of high deformation and the formation of subgrains, meeting a critical criterion for
initiation of dynamic recrystallization [101]. In general, a particle stimulated nucleation
(PSN) mechanism requires a large (>1 µm) non-deforming particle (such as a carbide) as
a site for the development of a recrystallization nucleus because, during deformation, the
region surrounding the particle contains a high dislocation density and large orientation
gradient [102]. The alloys investigated in this study contain carbides that are significantly
larger, as shown in Figure 3.7, than the 0.5-2 µm critical particle radius required for a
recrystallized nucleus to grow in Al alloys as determined by Humphreys [103].
3.1.2.2 Stored Energy
The stored energy in a material containing non-deformable particles, carbides in this
case, is approximated by consideration of the contributions from the geometrically neces-
sary dislocations (GND), and statistically stored dislocations (SSD) [104, 105]. The GNDs
form low-angle boundaries and the stored energy of these boundaries can be approximated
by using the Read-Shockley equation (Equation 3.1) [106]. The misorientation, θ, is in
radians, while E0 is a constant depending on the elastic properties of the material (shear
modulus, G, Burgers vector, b, and Poisson’s ratio, ν) and A depends on the core energy of
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a dislocation (dislocation core radius, r0). The kernel average misorientation (KAM) map
of EBSD Scan 1 (Figure 3.11) shows areas with up to 5° of misorientation with the average
KAM being 1°.
Figure 3.11: Kernel average misorientation map of the same area shown in Figure 3.8.
Recrystallized grains and carbides have been segmented out of the map.
E = E0θ(A − ln θ),
where E0 = Gb
4pi
(1 − ν)
and A = ln( b
2pir0
) + 2/e
(3.1)
Using θ = 0.087 radians, G = 48.2 GPa, b = 0.25 nm, ν = 0.25, r0 = b, and 2/e ≃ 1 leads to
a calculated energy per unit area of 217 mJ/m2. This compares favorably with calculations
performed by Sangid, et al. [107]. Assuming a hexagonal array of subgrains with an
estimated size of 1 µm, the energy per unit volume is 0.718 MJ/m3.
Calculations to determine the SSD density, ρs, are based on the Orowan equation (Equa-
tion 3.2), where γ˙ is the shear strain rate, ρm is the mobile dislocation density, and vc is the
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climb velocity; all other terms have been defined previously. In Ni-base superalloys, the
statistically stored dislocation density consists nominally of the mobile dislocation density
and the misfit dislocation density. Misfit dislocations accumulate at the γ/γ′ interface to
reduce the elastic energy associated with misfitting precipitates. In this sense, misfit dislo-
cations lower the elastic energy of the system and do not provide an additional driving force
for recrystallization. Thus, it is assumed that the mobile dislocation density, as required by
the Orowan equation, is approximately equal to the SSD density.
γ˙ = ρmbvc (3.2)
Srinivasan, et al., have calculated the a/2⟨110⟩ dislocation climb velocity in CMSX-
4 at 1000 °C to be approximately 4 × 10−8 m/s [108]. The axial creep rate near rupture
has been determined experimentally and is approximately 6 × 10−6 /s; however, this is the
macroscopic creep rate, which will vary from the local creep rate near creep cavities where
recrystalllization is observed. The local creep rate can be estimated by taking into account
a stress concentration factor of ≃ 3.14 for an average creep cavity and a creep exponent for
Rene´ N5(SX) of n = 5.14 [27].
ρs = ρm = γ˙
bvc
= 360 ⋅√3 ⋅ 6 × 10−6 /s
0.25 × 10−9 m ⋅ 4 × 10−8 m/s = 3.7 × 1014 /m2
This dislocation density is consistent with experimental measurements by Pollock and Field
at 850 °C [27]. The associated stored energy per unit volume (E = 1/2ρGb2) is 0.557 MJ/m3,
using G ≃ 48.2 GPa and by combining contributions from the SSDs and GNDs, the total
stored energy is estimated to be 1.28 MJ/m3.
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3.1.2.3 Recrystallization Barrier
The barrier to the growth of a recrystallized nucleus is primarily due to the grain bound-
ary pinning effect of the γ′ phase, requiring dissolution. Dissolution of the γ′ phase below
the solvus temperature has an associated free energy penalty; an estimate of the free en-
ergy penalty for complex Ni-base superalloys can be determined by using computational
thermodynamics. Thermo-Calc was used to determine the increase in the free energy of
the system due to suppressing the γ′ phase at 982 °C for a Ni-10.25 wt% Al alloy and
for the complex superalloys used in this study [109]. Results indicate ∆GD values of
694.4 MJ/m3, 1370 MJ/m3 and 1385 MJ/m3 for Ni-10.25 wt% Al, GTD444(CG), and
Rene´ N5(SX), respectively. A more significant barrier to the dissolution of the γ′ phase is
expected in the complex superalloys compared to Ni-Al binary alloy due to the presence of
additional γ′ forming elements such as Ta, Ti, and Nb, which may vary significantly due to
local solidification-induced variation in alloy composition. The calculated ∆GD values are
between two and three orders of magnitude larger than the stored energy of 1.28 MJ/m3.
However, complete dissolution of the γ′ phase in the nucleus may not be necessary
as reprecipitation occurs discontinuously, allowing diffusion of solute along the bound-
ary of the recrystallized grain from precipitates in the deformed matrix to discontinuous
precipitates in the recrystallized grain, effectively reducing the barrier to recrystallization
[98, 110]. In Ni-Al alloys, the diffusion coefficient of Al through moving boundaries has
been measured to be three orders of magnitude higher than through stationary boundaries
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[111]. Even for Re, an element with extremely low bulk diffusivity, the diffusivity through a
boundary was observed to be approximately four orders of magnitude higher than its lattice
diffusivity [112]. It is hypothesized that the stored energy overcomes the local recrystal-
lization barriers with the aid of boundary diffusion. This allows dynamic recrystallization
to occur during creep, as is observed experimentally.
3.1.2.4 Discussion of Relevant Literature
Dynamic recrystallization during creep was first observed by Hirst and later by Gifkins
in single crystals of lead [113, 114]. The strain rates associated with dynamic recrystalliza-
tion during creep were shown to be cyclic with rapid increases upon recrystallization due to
primary creep of the new grains. Besides lead, dynamic recrystallization has been observed
during high temperature deformation of a number of pure and lightly alloyed FCC metals
[115]. At high temperatures (> 0.75 Tm), the nucleation of dynamic recrystallization in
single crystals of copper is believed to be associated with fluctuations in the subgrain size
distribution during rearrangement processes and subsequent discontinuous subgrain growth
[115, 116]. It has also been suggested that dynamic recrystallization during creep of poly-
crystalline copper may occur locally and in small volumes so that the creep behavior is
affected only gradually, rather than discontinuously as in single crystals [116].
It is important to note that a majority of previous studies on dynamic recrystalliza-
tion during creep have involved the use of pure and dilute single phase alloys, whereas
in this research, Ni-base superalloys, which contain many alloying elements and several
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different phases, have been investigated. However, there have been a number of previous
studies on static recrystallization in DS Ni-base superalloys similar to those investigated
here [100, 117–122]. Indentation, cold working, or shot peening are commonly used to
induce surface damage, followed by a subsequent heat treatment to promote recrystalliza-
tion at the surface. The most commonly observed boundary particle interaction reported is
type (1) and is often described as cellular recrystallization with additional nucleation events
occurring ahead of the moving interface [100, 117, 121, 122]. Of particular relevance to
the current study is the work by Bu¨rgel, et al., where interrupted creep testing of CMSX-6
to 15% strain at 760 °C and 980 °C was used to further investigate the nucleation of the
recrystallized grains in the γ/γ′ microstructure [117]. As a result of the creep deformation,
cracks formed around casting pores and, after annealing at 980 °C, recrystallization was
observed at the crack tips due to the high amount of local plastic deformation. It is unclear
in the work of Bu¨rgel, et al., if recrystallization was also observed before the annealing
treatment.
Localized recrystallization has also been observed during TMF up to 1000 °C by
Moverare, et al., within bands of localized deformation near fatigue cracks [123]. The
intersection of deformation-induced twins was believed to be the primary nucleation point
for the recrystallization process. Dynamic recrystallization located at the specimen surface
has been reported during creep between 800 °C and 900 °C for up to 1000 h [124]. Surface
recrystallization during creep testing is generally a result of the formation of a γ′ depleted
zone near the specimen surface due to oxidation and residual stress from machining.
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3.1.2.5 Dynamic Recrystallization and Mechanical Behavior
The presence of recrystallized grains is expected to significantly reduce fatigue and
creep life, especially for thin walled gas turbine engine components. Literature on the effect
of recrystallization on mechanical properties of Ni-base superalloys is limited to surface
recrystallization, where a thin layer of cellular recrystallization was found to cause a higher
crack density during low-cycle fatigue and, due to the presence of grain boundaries normal
to the stress axis, had a higher creep rate than that of virgin specimens [117, 125]. Dynamic
recrystallization that occurs internally could be a contributing factor to the increasing creep
rate during tertiary creep in directionally solidified Ni-base superalloys. To assess the extent
to which localized dynamic recrystallization could contribute to the acceleration of creep, a
model for the creep rate based on the Cocks and Ashby model of void growth is developed
[126, 127].
3.1.3 A Model for Recrystallization-Accelerated Tertiary Creep
In general, creep rupture occurs by the growth and coalescence of voids on grain bound-
aries. However, in the CG and SX alloys used in this study, transverse boundaries have been
removed to improve material properties, causing the void growth to be controlled by power-
law creep of the surrounding material rather than a boundary or surface diffusion process.
In the Cocks and Ashby model, a bound theorem is used to produce approximate analyt-
ical expressions for the void-growth rates and creep rates (Equation 3.3) of a cylindrical
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element of material centered on a void, shown schematically in Figure 3.12a [126, 127].
Region 1 creeps at a rate equal to the minimum or steady state creep rate, ˙0, while re-
gion 2, occupying a fraction of the cylinder described by 2rv/d, creeps faster by a factor
of 1/(1 − fv)n because the stress acting on this material is greater due to the presence of a
void [126, 127].
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Figure 3.12: Schematics showing a) the basic framework for the Cocks and Ashby model
and b) the modified model. Region 1 is a solid volume of material and region 2 contains
a spherical void that causes a reduction in load bearing cross-sectional area, increasing the
stress on the surrounding material. Region 3 contains recrystallized grains.
d
dt
= ˙0 {1 + 2rv
d
β [ 1(1 − fv)n − 1]} (3.3)
Here, d/dt is the axial strain rate, rv is the radius of the void, d is the distance between
voids along the tensile axis, fv is the fraction of voids in region 2 (fv = rv2/l2), 2l is the
void spacing perpendicular to the tensile axis, n is the creep exponent, and β takes into
account the stress triaxiality due to the stress state and, for simple tension, is ≃ 0.6.
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To account for recrystallization, an annular ring of softened material is considered as
shown in region 3 in Figure 3.12b. Additional terms have been added to Equation 3.3 to
take into account the fraction of recrystallized grains contained in region 2, fRX , and for the
creep rate of the recrystallized material, ˙RX0 , which is expected to be approximately equal
to the creep rate of a polycrystalline Ni-base superalloy; this yields Equation 3.4. It is worth
noting that the model takes into account the experimental observation that the presence of
voids are critical to the nucleation and growth of recrystallized grains by assuming that at
fv = 0 the axial strain rate will always be equal to the steady state value.
d
dt
= ˙0 {1 + 2rv
d
β [(1 − fRX)( 1(1 − fv)n − 1)]}
+ ˙RX0 2rvd β [fRX ( 1(1 − fv)n − 1)] (3.4)
For simplicity, void growth by surface or boundary diffusion is assumed to be neg-
ligible. Creep transients were not included in the model to provide the most conser-
vative comparison with experimental results. Assuming a homogeneous distribution of
spherical voids, 2rv = d, the creep rate has been plotted for various fRX values, where
fRX = ((rRX−rv)2/l2)∗(tRX/2rv), in Figure 3.13. A minimum creep rate, ˙0, of 2.22×10−8
/s was used along with ˙RX0 = 2 × 10−7 /s.
The creep rate of the recrystallized material was estimated from the Mar-M200
deformation mechanism map [128]. The grain size of the Mar-M200 material was 100 µm
while the observed recrystallized grains were ∼1 µm making the used ˙RX0 a conservative
estimate. It is worth noting that, at the creep conditions used in this study, pure Ni with a 1
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µm grain size creeps at a rate of 1 /s, providing an upper bound [128].
Figure 3.13: Plot of the modified Cocks and Ashby model assuming a homogenous dis-
tribution of spherical voids. The solid lines assume a constant volume fraction of recrys-
tallized grains until rupture, while the dashed line uses a nucleation criterion and assumes
exponential growth until fRX = 1. The axial strain rate has been normalized by the mini-
mum creep rate, ˙0.
If the voids are instead assumed to be inhomogenous, 2rv < d, the increase in strain rate
would be less significant. In the above analysis a constant volume fraction of recrystallized
material was assumed; the dashed line in Figure 3.13 uses an assumed nucleation criterion
for recrystallization of fv = 0.1 and assumed exponential growth until fRX = 1. A failure
criterion of fh = 0.25 is used in accordance with the original Cocks and Ashby model
[127]. The analytical model indicates that the axial strain rate increases by approximately
one order of magnitude from the onset of recrystallization to rupture, comparing favorably
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to the experimentally observed phenomenon of approximately one order of magnitude
increase in creep rate from 180 h to rupture in Figure 3.1a. This supports the assertion
that dynamic recrystallization contributes to the tertiary creep behavior of directionally
solidified Ni-base superalloys. The predicted increase in creep rate is strongly influenced
by the value of ˙RX0 which, in this model, has been conservatively estimated. Increasing ˙
RX
0
Figure 3.14: Plot showing the effect of increasing the creep rate of the recrystallized mate-
rial. The same nucleation criterion and exponential growth are assumed for all curves, and
the axial strain rate has been normalized.
by two orders of magnitude, where a nucleation criterion and exponential growth are again
assumed, results in an increase of 1800 times the axial strain rate at rupture, compared to
the 20 fold increase when ˙RX0 = 2 × 10−7 /s, as shown in Figure 3.14.
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3.1.4 Summary of Creep Damage
Creep damage in directionally solidified Ni-base superalloys initially consists of an
increasing dislocation density in the γ phase, and the formation of nodal networks that relax
the misfit between the γ matrix and γ′ precipitates. Rafts of the γ′ precipitates form during
high temperature testing and coarsen over time. Shearing of the γ′ precipitates begins after
the local stresses reach sufficient levels in the tertiary creep regime. Cavitation and crack
formation, while limited in advanced DS alloys due to the elimination of transverse grain
boundaries, does occur at high levels of creep strain (> 10%) at carbides and solidification
porosity. Additionally, localized dynamic recrystallization has been observed in CG and
SX Ni-base superalloys as early as 20% creep strain.
Dynamic recrystallization during creep testing of GTD444(CG) and Rene´ N5(SX) is
expected to occur first at a critical defect in the specimen, such as a large void, a clus-
ter of carbides, or a combination of both. The initial recrystallization event is difficult to
locate with traditional 2-D sections and thus determining the creep strain at which recrys-
tallization first occurs requires large-scale 3-D analyses of crept specimens. The lack of
previously published observations of dynamic recrystallization in these alloys may be a
result of the difficulty in observing the recrystallized grains. With an average grain size of
∼1 µm and the high degree of damage induced in the specimens, observation via optical
microscopy is not feasible and electron microscopy leads to inconclusive results, which can
only be confirmed by using recently available high resolution EBSD techniques. Analytical
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calculations of the stored energy due to deformation indicate an insufficient driving force
near carbides and creep cavities to overcome the barrier of dissolving γ′ precipitates below
the γ′ solvus temperature for a Ni-10.25 wt% Al alloy, GTD444(CG), and Rene´ N5(SX).
This indicates that complete dissolution of the γ′ precipitates is not necessary and boundary
diffusion of solute aids in the discontinuous reprecipitation of γ′ in the recrystallized grain.
A model for recrystallization-accelerated tertiary creep shows comparable behavior to the
experimental creep rate versus time curve, indicating that dynamic recrystallization is a
significant contributor to the increasing creep rate during tertiary creep. It is hypothesized
that dynamic recrystallization is a fundamental part of creep in the high temperature and
low stress creep regime.
3.2 Sustained Peak Low-Cycle Fatigue (SPLCF)
Besides creep, fatigue loading also causes damage to turbine blades during operation
that must to characterized in order to develop an appropriate repair procedure. Specifically,
SPLCF (compressive-hold fatigue) cycling often limits the performance of aviation and
land-based gas turbines [50]. Depending on the testing conditions, SPLCF tests have been
shown to reduce fatigue life by up to a factor of 100x when compared to tests without a
compressive hold [54]. This illustrates the importance of oxidation and creep relaxation
on the progression of damage. Failure during SPLCF testing is a result of surface initiated
cracks that oxidize and progressively grow through coatings into the superalloy substrate.
Models of this process have been developed by Evans, et al. and have been discussed
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previously in Section 1.3.2 [51]. SPLCF testing in this thesis work will be limited to
uncoated Rene´ N5(SX) specimens. The primary factors that influence the rate of crack
growth in an uncoated specimen are the oxide growth stress (a result of oxidation on the
transverse grain boundaries of the thermally grown oxide (TGO)) and the yield strengths
of both the superalloy substrate and TGO [54].
Figure 3.15: Results from a baseline uncoated Rene´ N5(SX) SPCLF test to failure, show-
ing the evolution of the maximum tensile stress, maximum compressive stress, and stress
relaxation during testing. Note that the x-axis is on a log scale.
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A representative SPLCF test to failure of an uncoated Rene´ N5(SX) specimen showed,
as expected, an evolution of the maximum stress, minimum stress, and, during the hold
period, stress relaxation as the number of cycles increased, as shown in Figure 3.15. From
the first cycle creep relaxation value of ∼130 MPa, a steady-state value of ∼26 MPa was
reached after the first 1% of expected life. First cycle and half-life hysteresis loops, shown
in Figure 3.16, further illustrate the extensive stress relaxation that occurs during testing.
The increase in maximum tensile stress over time is due to creep relaxation, and because
SPLCF tests are performed in strain control, once a significant level of damage has been
reached the maximum tensile stress decreases until the specimen fails/ruptures, as shown
in Figure 3.17. Refer to Section 2.2 for additional details on the SPLCF testing procedure.
3.2.1 Oxidation Assisted Fatigue Cracks
The most obvious form of damage during dwell fatigue is the formation and growth
of surface cracks via cyclic plasticity that are oriented perpendicular to the stress axis and
after growing to a critical depth transition into macroscopic long cracks [50]. Assuming a
long crack threshold of ∆Kth = 7 MPa ⋅ m1/2 and using a maximum tensile stress of 370
MPa, consistent with the SPLCF testing conditions used in this study, the transition will
occur at 114 µm. Prior to the transition to long crack behavior, oxidation and creep are
primarily responsible for crack growth. Cracks forming during SPLCF are filled with α-
Al2O3 TGOs, as shown in Figure 3.19, and the effective growth of the TGO during testing
causes initial crack growth [51]. The growth of the TGO is accommodated by substrate
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Figure 3.16: Hysteresis loops from the first cycle and half-life of an uncoated Rene´ N5(SX)
SPLCF test. Testing was performed at a constant temperature of 982 °C in air with a strain
range of 0.6% and R = -∞ (A = -1.0). The vertical segments at -0.6% strain for both
hysteresis loops correspond to the hold period in the SPLCF cycle, where significant stress
relaxation occurs.
creep around the crack tip. The crack spacing measurements collected from interrupted
and failed specimens are summarized in Table 3.1 and shown graphically in Figure 3.18.
Crack spacing and length measurements indicate that specimens exposed to more SPLCF
cycles had more cracks (smaller average crack spacing) and a larger average crack depth,
as expected. The average crack length for a specimen interrupted at 50% of expected life
was 27.1 µm. The average SPLCF crack was oriented perpendicular to the loading axis
and rafting occurred parallel to the load direction due to the applied compressive load and
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Figure 3.17: Plot of maximum stress versus fraction of expected life until the test was
discontinued. Failure was defined at a 25% load drop from the maximum stabilized value.
the negative misfit of Rene´ N5(SX) (Figure 3.19).
Rafting has been shown to be beneficial to fatigue life when the rafting direction is
perpendicular to the crack growth direction [129]. This is due to the presence of long ver-
tical γ/γ′ interfaces that act as a barrier to crack propagation when compared to a cuboidal
microstructure where cracks are easily able to open along the γ channels between γ′ pre-
cipitates. The fatigue tests conducted in literature to determine the influence of rafting do
not include a hold period and thus are exposed to elevated temperature (950 °C or 1050 °C)
for only several hours, while the specimen tested via SPLCF to failure lasted hundreds of
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Table 3.1: Sustained peak low-cycle fatigue crack measurements collected from Rene´
N5(SX) specimens interrupted at various fractions of expected life and tested to failure.
N is the number of fatigue cycles tested and Nf is the number of cycles to failure (based on
one test).
N/Nf N Avg. Spacing (µm) Avg. Length (µm) Max. Length (µm)
0.1 337 1440.0 8.8 18.0
0.2 672 1433.2 15.5 38.0
0.3 1007 1151.8 15.7 48.0
0.5 1696 527.0 27.1 91.0
0.75 2691 123.3 27.6 494.0
1 3350 212.6 100.3 1299.0
Figure 3.18: Bar chart displaying the change in the average crack spacing, average crack
length, and maximum observed crack length until specimen rupture.
hours. Oxidation plays a much more important role during SPLCF testing, and the dissolu-
tion of the γ′ due to Al depletion near atmosphere-exposed cracks is expected to minimize
the influence of the rafted morphology on the crack growth rate.
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Figure 3.19: Representative micrographs of an uncoated Rene´ N5(SX) SPLCF speci-
men tested to failure showing rafting (directional coarsening) and oxidation-assisted crack
growth.
Using the detailed examination of both creep and fatigue damage presented and dis-
cussed in this chapter, a rejuvenation procedure can now be designed to repair the primary
forms of damage.
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Chapter 4
Design of a Rejuvenation Procedure
This chapter will outline a repair procedure designed to remove the damage observed
in Rene´ N5(SX) and GTD444(CG) superalloy specimens subjected to interrupted creep or
fatigue testing. Additionally, results from exploratory rejuvenation heat treatments will be
presented along with the multiple rejuvenation testing approach used to validate the repair
procedure. The outcome of multiple rejuvenation testing protocols will be discussed in a
subsequent chapter.
As mentioned in Section 3.1.4, the damage observed up to 5% strain during high tem-
perature (982 °C) and low stress (172-206 MPa) creep consisted of an increase in the dis-
location density and rafting of the γ′ phase. A rejuvenation heat treatment is capable of
reducing the dislocation density by recovery and dissolving the γ′ rafts into solution. Re-
precipitation of cuboidal γ′ precipitates will occur during cooling from the rejuvenation
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heat treatment temperature. Consequently, it is proposed that in order to recover the virgin
creep properties and extend creep life, only a rejuvenation heat treatment will be required
if < 5% creep strain has been accumulated.
4.1 Rejuvenation Heat Treatment - Creep
To test the effectiveness of a rejuvenation heat treatment in restoring the original mi-
crostructure at various solution temperatures and creep strain levels, initial heat treatment
studies were performed on coupons cut from creep specimens of GTD444(CG) and Rene´
N5(SX) crept to 2% and 5% strain. Virgin coupons were also heat treated to determine the
influence of strain on the dissolution, re-precipitation, and growth of the γ′ phase. The heat
treatment conditions are summarized in Table 2.1. Cooling and heating rates were chosen
to meet typical industry specifications, and were performed in either vacuum or a 5% H2/Ar
reducing atmosphere. Representative micrographs for each alloy after heat treatment are
shown in Figures 4.1 through 4.4.
As the solution temperature was decreased from the γ′ solvus, the volume fraction of
unsolutioned phases in GTD444(CG) increased regardless of initial condition, as shown in
Figure 4.1. Similar results were observed for heat treated Rene´ N5(SX) coupons. When
examining the γ′ morphology in the dendrite core regions, the lowest solution temperature
used for GTD444(CG) of 28 °C below the γ′ solvus was unable to dissolve all of the
rafted precipitates, Figure 4.2a. Thus, of the solution temperatures used in this study, the
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minimum temperature capable of at least partially recovering the initial γ′ morphology
for GTD444(CG) is 14 °C below the γ′ solvus. For Rene´ N5(SX) the rafted structure was
successfully eliminated at solution temperatures equal to and above 56 °C below the γ′
solvus. After aging, the γ′ size has increased and a cuboidal morphology is achieved for
both alloys, see Figures 4.3 and 4.4. It is worth nothing that as the solution temperature
is decreased, the γ′ morphology becomes less cuboidal; this is especially evident in
GTD444(CG).
Figure 4.1: Low magnification micrographs collected from solution treated coupons of
GTD444(CG). Notice the volume fraction of unsolutioned phases increases as the solution
temperature is decreased from the γ′ solvus. All solution heat treatments were held at
temperature for 2 hours.
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The primary goal of the rejuvenation heat treatments is to restore the initial mi-
crostructure and promote recovery while avoiding recrystallization. As shown in Figures
4.1 through 4.4, the rafted microstructure can be removed and the initial gamma prime
morphology restored by rejuvenation heat treatment near the γ′ solvus temperature and
subsequent aging. However, surface recrystallization occurred during the rejuvenation
heat treatment in the 5% creep strain coupon. As the solution temperature is decreased, the
volume fraction of unsolutioned γ′ increases but recrystallization is not observed at 5%
Figure 4.2: High magnification micrographs collected from the dendrite core regions of
solution treated coupons of GTD444(CG). Solution heat treatments were held at temper-
ature for 2 hours. Dissolution of the γ′ phase did not occur in dendrite core regions at a
solution temperature 28 °C below the γ′ solvus temperature.
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creep strain. The unsolutioned γ′ is primarily located in the interdendritic region where the
local γ′ solvus is higher due to solidification induced segregation of γ′ forming elements
Al, Nb, Ta, and Ti [10]. The presence of unsolutioned γ′ is expected to degrade creep
performance by an increase in γ channel width and corresponding decrease of the Orowan
stress due to precipitate coarsening during heat treatment [130]. The retention of misfit
dislocation networks in unsolutioned areas may also increase creep rates when compared
to virgin material by serving as dislocation sources [27].
Figure 4.3: A comparison of the resulting microstructure after a solution + age heat treat-
ment of GTD444(CG). Images were collected from the dendrite core regions of the mi-
crostructure.
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Figure 4.4: Micrographs of the Rene´ N5(SX) microstructure after a solution + age heat
treatment at various creep strains and solution temperatures. Images were collected from
the dendrite core regions of the microstructure.
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As discussed in Section 1.4.1, recovery is necessary for the nucleation of recrystallized
grains, thus avoiding recrystallization may not be possible. However, the initial heat treat-
ments indicate that recrystallization has been avoided up to 5% creep strain for solution
heat treatments below the γ′ solvus temperature. This indicates that recrystallization in DS
Ni-base superalloys may be inherently difficult due to the dislocation substructure formed
under the influence of a large volume fraction of misfitting γ′ precipitates and the pinning
effect of the γ′ precipitates as discussed in Sections 3.1.2.1 and 3.1.2.3.
4.1.1 Discussion of Relevant Literature
Investigations of the annealing/solution temperature limits and strain limits of recrys-
tallization have been performed in literature by Cox, et al., and Bu¨rgel, et al. [118, 131].
Cox, et al. performed tensile tests at 950 °C and 1025 °C with a strain rate of 4×10−4 s−1
to 4% plastic strain and then conducted annealing treatments at various temperatures for 6
h. Recrystallization was not observed following annealing at 1260 °C (55 °C below the γ′
solvus) and below for specimens deformed at 950 °C, while recrystallization was observed
at all annealing temperatures for specimens deformed at 1025 °C. Bu¨rgel, et al. used room
temperature axial compression tests to induce plastic strain and determined for a variety
of Ni-base superalloys that solutioning above the γ′ solvus after at least 1% strain caused
rapid recrystallization [131]. Grain nucleation occurred at the surface and, at annealing
temperatures below the γ′ solvus, the grain boundary motion was hindered by interden-
dritic γ′ precipitates. Prior studies are in good agreement with the coupon heat treatment
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results, namely suppression of recrystallization at solution temperatures below the γ′ solvus
at strains up to 4-5%.
4.1.2 Quantitative Microstructural Analysis
In order to quantify the microstructural differences due to mechanical testing and reju-
venation, moment invariants are used to characterize the γ′ precipitate morphology. The
moment invariants of interest are second-order and fourth-order moments that are invariant
with respect to affine and similarity transformations. They are also central moments, mean-
ing that each object has been translated so that the center of mass is located at the origin.
Micrographs are first segmented using an algorithm that fills shapes based on an edge map
before the moment invariants can be calculated. The segmentation process is outlined in
Figure 4.5. Segmentation and the calculation of the moment invariants were performed in
collaboration with Dr. Patrick Callahan of the University of California, Santa Barbara.
Moment invariants have been used previously in literature to successfully character-
ize 2D and 3D phase field generated precipitates and to characterize simulated rafted mi-
crostructures for Ni-Al alloys [132–134]. Equation 4.1 was used to calculate each object’s
moment invariaints at coordinates (x, y) with respect to the object’s center of mass at coor-
dinates (xc, yc). The order of the MIs, n, is equal to p + q.
µ¯pq ≡∬
D
dxdy(x − xc)p(y − yc)q. (4.1)
Callahan, et al. generated second-order moment invariant maps to illustrate the 2D
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Figure 4.5: Representative images outlining the segmentation process that creates a bi-
nary image of white γ′ precipitates and a black γ matrix for subsequent calculation of the
moment invariants. From the original micrograph, edges are determined and the precipi-
tates are filled. Manual adjustment is required in some situations to capture all of the γ′
precipitates (with edge precipitates being ignored). Image courtesy of Dr. Patrick Callahan.
moment invariant space, as shown in Figure 4.6 [132]. The two second-order MIs used to
generate this map are referred to as ω1 and ω2 (see Equations 4.2 and 4.3), respectively.
The MIs have been normalized by a factor of the object’s surface area, A = µ00, so that 0
≤ ωi ≤ 1.
ω1 ≡ A2
2pi(µ¯20 + µ¯02) ; (4.2)
ω2 ≡ A2
16pi2(µ¯20µ¯02 + µ¯211) . (4.3)
Area weighted averages of the fourth order moments, τ1, τ2, and τ3, were also calcu-
lated and are analogous to the kurtosis, which for the case of a 1D distribution describes
the peakedness. The second order and fourth order moment invariants are listed in Table
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(a)
(b) (c) (d)
Figure 4.6: a) Map of normalized second-order moment invariants, ω1 and ω2. Both mo-
ment invariants are normalized by a factor of the surface so that 0 ≤ ωi ≤ 1. The grey region
indicates all possible shapes with the location of several common shapes indicated. τ is
the aspect ratio of the shape’s principal axes. Figures (b), (c), and (d) are the second order
moment invariant maps collected from segmented micrographs of the virgin, 2%, and 5%
creep strain coupons that were rejuvenated at 28 °C below the γ′ solvus and aged. Un-
published and published original work by Callahan, et al. [132]. Images courtesy of Dr.
Patrick Callahan.
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4.1 for the coupon heat treatment studies performed. The precipitates used to calculate the
moment invariants were from the dendritic core regions of Rene´ N5(SX) specimens. At
solution temperatures greater than or equal to 14 °C below the γ′ solvus, no trend was
Table 4.1: Table listing the second order (ω1 and ω2) and fourth order (τ1, τ2, and τ3)
moment invariants from micrographs of crept and subsequently heat treated Rene´ N5(SX)
specimens. Coupon solution heat treatments were performed at either the full γ′ solvus
temperature or at a multiple of 14 °C below the full γ′ solvus temperature with all speci-
mens being aged at 1079 °C for 4 h.
Solution Temp. Creep Strain (%) ω1 ω2 τ1 τ2 τ3
Full Solvus 0 0.851 0.854 0.675 0.639 0.638
2 0.835 0.857 0.647 0.662 0.634
5 0.843 0.858 0.659 0.649 0.634
-14 °C 0 0.843 0.865 0.666 0.666 0.658
2 0.801 0.815 0.598 0.603 0.569
5 0.802 0.836 0.601 0.626 0.600
-28 °C 0 0.839 0.862 0.658 0.664 0.667
2 0.793 0.813 0.588 0.603 0.574
5 0.772 0.797 0.550 0.570 0.522
-42 °C 0 0.852 0.874 0.685 0.697 0.682
2 0.783 0.809 0.568 0.603 0.556
5 0.763 0.798 0.547 0.589 0.547
-56 °C 0 0.825 0.871 0.642 0.685 0.683
2 0.817 0.864 0.627 0.684 0.669
5 0.762 0.798 0.546 0.584 0.543
evident in the moment invariants as a function of prior creep strain. However, at solution
temperatures less than and equal to 28 °C below the γ′ solvus, all of the calculated second
and fourth order moment invariants decreased as the prior creep strain increased. Thus, a
more complex precipitate shape was present after heat treatments in specimens with higher
levels of creep strain at lower solution temperatures when compared to the baseline 0%
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strain coupon. If the average precipitate shape was a perfect square, the normalized moment
invariants would have approximate values of 0.940 for ωi and 0.800 for τi. As expected,
the quantitative precipitate shape analysis indicated that at higher solution temperatures a
rejuvenation heat treatment is more capable of recovering the microstructure to the baseline
precipitate shape up to a creep strain of 5%.
4.2 Rejuvenation Heat Treatment and Material Removal - Fatigue
In addition to recovering creep properties, fatigue damage must also be addressed for
complete repair of common service damage. As mentioned in Section 3.2, cracks form
during SPLCF testing and are filled with α-Al2O3. Similar to creep testing, rafting of the
γ′ precipitates also occurs.
The unsuccessful attempts reported in the literature to rejuvenate fatigue properties, as
discussed in Section 1.4.2, appear to be a direct result of the inability of simple rejuvenation
heat treatments and even HIP (in the case of oxidized cracks) to remove the dominant form
of damage, surface fatigue cracks. It was hypothesized that interrupting SPLCF tests at
50% of expected life and then grinding and polishing away material to a sufficient depth to
remove any surface cracks present and applying a subsequent rejuvenation heat treatment
should recover the fatigue properties.
Grinding and polishing of the fatigue specimens were performed with the specimens
mounted in a drill press and followed standard procedures. A final polishing step of 3 µm
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diamond was used to minimize the influence of surface topography on the crack initiation
process. Based on interrupted fatigue tests, Table 3.1, the average crack length for a spec-
imen interrupted at 50% of expected life was 27.1 µm. However, in order to determine
the appropriate machining depth, the maximum crack length of 91 µm is more relevant.
Due to the fact that cracks initiate at the surface, their complete removal can be verified by
optical microscopy. Successful recovery of fatigue properties will depend on the removal
of the deepest surface cracks, because these cracks will most likely cause early failure upon
retesting.
4.3 Defining a Rejuvenation Cycle
In order to determine the success of the repair procedures discussed in this chapter and
to elucidate the processes that prevent successful rejuvenation, repeated rejuvenation cycles
have been performed. A rejuvenation cycle includes rejuvenation heat treatment and/or
small scale material removal, followed by creep or fatigue (SPLCF) testing, as presented
schematically in Figure 4.7. Multiple rejuvenation testing is defined in this context as the
application of repeated rejuvenation cycles until specimen failure. Prior to initial testing,
the fatigue and creep specimens are polished to 3 µm diamond in order to remove surface
damage caused by machining and heat treated at the same conditions as the rejuvenation
heat treatment to establish a relevant mechanical behavior baseline.
Creep testing was repeatedly interrupted at various creep strain thresholds (2%, 3%,
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or 5%) to investigate the influence of strain, while SPLCF tests were only interrupted at
50% of expected life. Coated Rene´ N5(SX) specimens were also tested at a single creep
strain threshold of 2%. Only one SPLCF threshold was used due to the ease of using
non-destructive evaluation (visual surface inspection) to confirm the complete removal
of fatigue cracks. Interrupting SPLCF tests at a higher or lower fraction of expected life
would only change the amount of polishing required. These thresholds were chosen based
on the observed damage in the interrupted testing discussed in Chapter 3, specifically
the measured length of fatigue cracks during SPLCF testing and the absence of carbide
cracking and growth of existing solidification pores during creep to 5% strain.
Figure 4.7: Schematic outlining the multiple rejuvenation testing procedure used for both
GTD444(CG) and Rene´ N5(SX). The fatigue crack removal is only performed during mul-
tiple rejuvenation of SPLCF test specimens.
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Non-destructive evaluation (NDE) techniques have been implemented in the multiple
rejuvenation cycle after each rejuvenation heat treatment and mechanical test to investigate
their usefulness in determining the presence of nonrecoverable damage. In this investiga-
tion, multiple rejuvenation cycles were conducted until failure, thus the only way to detect
the presence and evolution of non-recoverable damage in situ is through the use of NDE.
Non-recoverable damage includes recrystallization, cracks, and cavities, as mentioned in
Section 1.4.4. Besides standard visual surface inspection to detect cracks, resonant ultra-
sound spectroscopy (RUS) will also be used. The fundamentals of RUS will be briefly
introduced here and discussed further in Chapter 7.
Elastic solids have normal modes and natural resonant frequencies that depend on
shape, size, and the elastic properties. If driven at a natural frequency, the amplitude of
oscillation of the normal mode is enhanced by the quality factor (Q) of the sample, which
is significant enough in superalloys to be measured experimentally [135]. RUS takes advan-
tage of the dependence between elastic properties and resonant frequency to determine the
elastic tensor of a material from the measured frequencies. Additionally, the resonant fre-
quencies of a sample can be tracked through various processes, including rejuvenation heat
treatment and mechanical testing, to detect a change in the elastic properties. Recrystal-
lization of new grains with differing crystal orientations in DS specimens of GTD444(CG)
and Rene´ N5(SX) will cause an increase in the elastic modulus of the specimen. This is
due to the fact that the elastic modulus of Ni is at its lowest value along the [001] crystal
growth direction, causing a corresponding increase in certain mode dependent resonant fre-
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quencies that can be measured through RUS. The growth of existing porosity and carbide
cracking should theoretically result in a decrease in the elastic properties, due the creation
of additional void space, but it will be difficult to isolate from the shape change effect which
also causes a decrease in the resonant frequencies. Experiments have been performed to
confirm the hypothesis that RUS can be used to non-destructively detect recrystallization
and are presented in Chapter 7.
4.3.1 Rejuvenation Heat Treatment Parameters
Based on the coupon heat treatment results for GTD444(CG), a rejuvenation heat treat-
ment solution temperature of 14 °C below the γ′ solvus was used for multiple rejuvenation
creep testing. At this temperature, restoration of the cuboidal γ′ morphology occurs, how-
ever some of the original γ′ precipitates remain in the interdendritic regions during the
rejuvenation heat treatment.
For Rene´ N5(SX), solutioning was performed at the γ′ solvus, 28 °C, and 42 °C be-
low the γ′ solvus. A range of solution temperatures was explored due to the overall
higher γ′ solvus, a result of the increased γ′ solute content in Rene´ N5(SX) compared
to GTD444(CG). The addition of Ta not only increases the γ′ stability but also due to the
strong tendency for Ta to segregate to the interdendritic regions of the microstructure will
lead to an increase in the difference between the dendrite core and interdendritic γ′ solvi
[10].
98
The purpose of lowering the solution heat treatment temperature is to retain γ′ pre-
cipitates in the interdendritic regions of the microstructure which, as discussed in Section
3.1.2.3, provide a substantial barrier to recrystallization. Recrystallization nuclei are ex-
pected to preferentially form in the interdendritic regions due to the presence of stress
concentrators, such as carbides and solidification porosity; retained γ′ precipitates in these
regions can pin the recrystallization nuclei, suppressing their growth. Over time, recrys-
tallization nuclei will also form in the dendrite cores and near the specimen surface aided
by the depletion of γ′ formers via oxidation, thus recrystallization is not expected to be
suppressed indefinitely.
Each rejuvenation heat treatment possessed a 2 h hold at the solution temperature fol-
lowed by a 4 h aging treatment at 1079 °C. The cooling rate from the solution temperature
was consistent between all rejuvenation heat treatments and was chosen based on industrial
standards. The success of applying each multiple rejuvenation cycle based on subsequent
mechanical testing will be discussed in the next chapter for both GTD444(CG) and Rene´
N5(SX). Results from both creep and SPLCF mechanical tests will be analyzed with spe-
cific focus on answering the outstanding questions posed in Section 1.4.4.
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Chapter 5
Life Extension via the Application of
Multiple Rejuvenation Cycles
As discussed in Chapter 4, heat treatments of GTD444(CG) and Rene´ N5(SX) coupons
illustrated the success of a subsolvus solution and aging rejuvenation heat treatment in
restoring the initial cuboidal γ′ microstructure in the dendritic regions of the microstructure.
Additionally, it was believed that fatigue damage could be repaired by polishing away
the fatigue cracks observed during interrupted SPLCF testing of Rene´ N5(SX) specimens
(Section 3.2) and applying a rejuvenation heat treatment with the same parameters used for
rejuvenating creep specimens. The multiple rejuvenation test conditions are summarized
in Table 5.1 and, henceforth, each test will be referred to by the corresponding label. The
results of applying repair procedures after performing creep and SPLCF mechanical tests
as part of multiple rejuvenation testing will be detailed in this chapter.
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Table 5.1: Table listing all of the multiple rejuvenation creep tests performed in this thesis
work. Label convention: alloy type -°C below the γ′ solvus or at the full solvus (FS) - creep
strain threshold value (%) - coated (CT).
Label Solution Temp. Creep Strain Threshold (%)
GTD444(CG) 444-14-1 -14 °C 1
444-14-2a -14 °C 2
444-14-2b -14 °C 2
444-14-3 -14 °C 3
Rene´ N5(SX) N5-FS-2 Full γ′Solvus 2
N5-28-2 -28 °C 2
N5-56-2 -56 °C 2
N5-28-3 -28 °C 3
N5-28-5 -28 °C 5
N5-28-2-CT -28 °C 2
5.1 Multiple Rejuvenation - Creep of Rene´ N5(SX)
Creep tests of Rene´ N5(SX) specimens were performed to the desired creep strain
threshold (either 2%, 3%, or 5% strain) followed by a rejuvenation heat treatment, with
NDE before and after each mechanical test and heat treatment. This defined one com-
plete rejuvenation cycle, as outlined in Chapter 4, which was repeated until failure, thus
indefinite rejuvenation was not observed. The rejuvenation heat treatments were applied
to full, intact creep specimens and, to isolate the influence of the creep strain threshold,
solutioning during rejuvenation heat treatments was only performed at a temperature of
28 °C below the γ′ solvus. This solution temperature was chosen as a starting point, with
the ultimate goal of supressing recrystallization, as discussed in Section 4.3.1, while also
partially restoring the initial cuboidal γ′ microstructure. All creep tests for Rene´ N5(SX)
specimens were performed at 982 °C/206 MPa.
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5.1.1 Influence of the Creep Strain Threshold
Creep curves from the multiple rejuvenation test N5-28-5 are shown in Figure 5.1 with
each creep segment and rejuvenation heat treatment labeled. Three creep tests and two
rejuvenation heat treatments were performed before specimen rupture occurred. The total
creep life to failure of 305 h was lower than the baseline rupture life of 344 h. There was
also a decrease in creep rupture ductility to 18% strain compared to the baseline of 35%.
The time to 5% creep strain was reduced by 70% between the first (CT1) and second (CT2)
creep tests, as shown in Figure 5.1b and listed in Table 5.2. Additionally, the minimum
creep rate for the second creep test increased by a factor of 4 compared to first test. Thus,
rejuvenating specimens after every 5% creep strain was not successful, leading to a lower
total rupture life and an increased minimum creep rate. Due to unsuccessful rejuvenation,
the third creep test (CT3) was not interrupted and the test continued until rupture.
Multiple rejuvenation tests at lower creep strain thresholds of 2% and 3% creep strain
(tests N5-28-2 and N5-28-3) resulted in total creep lives of 952 h and 951 h, compared
to the baseline of 344 h and creep rupture strains of 12% and 15%, respectively. At
both 2% and 3% strain, after the first creep test (CT1) a decrease in creep performance
was observed. This was evident in both the time to the creep strain threshold and in the
minimum creep rate for the second creep test (CT2), as shown in Figure 5.2. However,
each subsequent creep test maintained a similar minimum creep rate and time to the creep
strain threshold. Due to the factor of 2.8 increase in the creep rupture life for both the 2%
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and 3% creep strain threshold tests and a stable minimum creep rate, rejuvenation was
considered successful.
(a) (b)
Figure 5.1: a) Multiple rejuvenation creep plot of N5-28-5 with a creep strain threshold
of 5% strain. Each creep test and rejuvenation heat treatment is labeled. b) Plotting each
creep curve with the same reference point allows for direct comparison between tests.
The inability of a rejuvenation heat treatment to recover creep performance indicates
the presence of unrecoverable damage at 5% creep strain, such as creep cavities and cracked
carbides that were not observed in the 2D sections of an interrupted creep specimen crept to
5% strain as discussed in Section 3.1.4. At the lower strain thresholds of 2% and 3%, com-
plete recovery of the initial creep properties was also not achieved, however, the minimum
creep rate and time to the respective strain threshold were stable during each subsequent
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Table 5.2: Summary of the important creep parameters from the multiple rejuvenation tests
performed on Rene´ N5(SX) creep specimens. The creep test number (CT#) corresponds
to the labeled creep curves in Figures 5.1 and 5.2. The minimum creep rate, ˙0, creep
time, and strain for each test is reported. CT3 for the 5% creep strain threshold test was
tested to rupture due to unsuccessful rejuvenation. Rejuvenation heat treatments were only
performed at a temperature of 28 °C below the γ′ solvus.
Rene´ N5(SX) Multiple Rejuvenation Tests
2% Creep Strain Threshold
˙0 (s−1) Creep Time (h) Strain (%)
CT1 4.72 × 10−9 181.40 2.00
CT2 1.69 × 10−8 150.98 2.01
CT3 1.86 × 10−8 149.45 2.02
CT4 1.72 × 10−8 157.36 2.14
CT5 1.58 × 10−8 151.47 1.98
CT6 1.75 × 10−8 146.91 2.00
CT7 - 14.31 0.14
Totals 951.87 12.30
3% Creep Strain Threshold
˙0 (s−1) Creep Time (h) Strain (%)
CT1 7.22 × 10−9 214.72 3.00
CT2 1.36 × 10−8 184.50 3.01
CT3 1.42 × 10−8 180.46 3.03
CT4 1.47 × 10−8 183.65 3.09
CT5 1.39 × 10−8 176.97 2.99
CT6 - 10.67 0.05
Totals 950.97 15.17
5% Creep Strain Threshold
˙0 (s−1) Creep Time (h) Strain (%)
CT1 1.58 × 10−8 214.9 5.59
CT2 6.81 × 10−8 64.5 4.78
CT3 1.32 × 10−7 37.2 7.89
Totals 316.5 18.26
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(a) (b)
(c) (d)
Figure 5.2: Multiple rejuvenation ((a) and (c)) creep plots for Rene´ N5(SX) tests N5-28-2
and N5-28-3, with a creep strain threshold of 2% and 3% strain, respectively. Each creep
test and rejuvenation heat treatment is labeled. Plotting each creep curve with the same
reference point ((b) and (d)) allows for direct comparison between each test.
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creep test. This led to a significant increase in the overall creep rupture life compared to the
baseline. A measurable increase in the amount of primary creep was observed after CT1
for each specimen, with the primary creep being measured by determining the intersection
of the maximum primary creep rate and the minimum secondary creep rate [136, 137].
However, due to the variability in the amount of primary creep between specimens and
between each subsequent creep test during multiple rejuvenation testing, primary creep
was not used to quantify the amount of recovery and will not be discussed further.
Based on the multiple rejuvenation testing of Rene´ N5(SX) that incorporated creep
testing at 982 °C/206 MPa, a critical creep strain threshold exists between 3% and 5% above
which unrecoverable damage is present, inhibiting the successful use of a solution + aging
rejuvenation heat treatment. In order to recover creep cavities, hot isostatic pressing (HIP)
would need to be incorporated into the multiple rejuvenation test. Even interrupting below
the critical creep strain threshold value does not result in complete creep rejuvenation.
This is most likely a result of incomplete solutioning of the γ′ precipitates leading to a less
optimal γ′ precipitate size and the retention of misfit dislocation networks in unsolutioned
areas as discussed in Section 4.1 [27, 138].
Characterization of the specimens via EBSD after failure led to the discovery of recrys-
tallization, which occurred during the rejuvenation heat treatments, Figure 5.3. Recrystal-
lization was observed in all specimens tested (2%, 3%, and 5% strain threshold tests) and
cracking occurred along the grain boundaries of the recrystallized grains that were oriented
transverse to the loading direction. It is assumed that a majority of these surface cracks
106
(a) (b)
(c)
Figure 5.3: Backscattered electron images and inverse pole figure maps with respect to the
loading direction of Rene´ N5(SX) specimens with a strain threshold of a) 2%, b) 3%, and
c) 5% corresponding to tests N5-28-2, N5-28-3, and N5-28-5, respectively. The loading
direction is indicated in the images and the scale is the same for each micrograph and
EBSD scan.
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formed during subsequent creep testing following recrystallization during the previous re-
juvenation heat treatment. The entire reduced gauge section of both tests N5-28-2 and
N5-28-3 recrystallized with several dominant recrystallized grains being observed.
NDE indicated that detectable levels of recrystallization were present after the last re-
juvenation heat treatment performed before failure for each creep specimen. This corre-
sponds to HT6, HT5, and HT2 for the 2%, 3%, and 5% creep strain threshold tests, respec-
tively. The details and results of NDE are discussed further in Chapter 7. Recrystallization
and the corresponding surface cracks caused rupture and prevented indefinite rejuvenation.
Compared to an uninterrupted creep test, failure due to recrystallization did not involve
significant void growth and is comparable to the failure of a polycrystalline specimen.
5.1.2 Influence of the Solution Temperature on Rejuvenation
With a critical strain threshold established, further multiple rejuvenation tests were per-
formed using a 2% creep strain threshold, which is a conservative level of strain based
on the interrupted testing. Additional solution temperatures of at the γ′ solvus and 56 °C
below the γ′ solvus were investigated during rejuvenation. This is in addition to the prior
test, which used a 2% creep strain threshold and a solution temperautre 28 °C below the
γ′ solvus, as shown in Figure 5.2a. Figure 5.4 shows the results of N5-FS-2 and N5-56-2,
with the important creep testing results being listed in Table 5.3.
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(a) (b)
(c) (d)
Figure 5.4: Multiple rejuvenation ((a) and (c)) creep plots for Rene´ N5(SX) with solution
temperatures at the γ′ solvus and 56 °C below the γ′ solvus, respectively (corresponding to
tests N5-FS-2 and N5-56-2, respectively). Each creep test and rejuvenation heat treatment
is labeled. Each creep curve is plotted with same reference point ((b) and (d)) for direct
comparison between tests.
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Table 5.3: Summary of the important creep parameters for multiple rejuvenation tests
performed on Rene´ N5(SX) creep specimens with two different rejuvenation solution tem-
peratures of 56 °C below and at the γ′ solvus. The creep test number (CT#) corresponds to
the labeled creep curves in Figure 5.4. The minimum creep rate (˙0), creep time, and strain
for each test are reported. A 2% creep strain threshold was used for both tests.
Rene´ N5(SX) Multiple Rejuvenation Tests
Rejuvenation at the γ′ Solvus
˙0 (s−1) Creep Time (h) Strain (%)
CT1 7.78 × 10−9 161.63 2.00
CT2 1.42 × 10−8 152.13 2.00
CT3 1.39 × 10−8 152.40 1.96
CT4 1.42 × 10−8 156.69 2.00
CT5 - 2.34 0.04
Totals 625.20 8.00
Rejuvenation at 56 °C below the γ′ Solvus
˙0 (s−1) Creep Time (h) Strain (%)
CT1 9.17 × 10−9 173.13 1.99
CT2 2.39 × 10−8 115.55 2.00
CT3 3.50 × 10−8 89.49 2.02
CT4 4.31 × 10−8 75.75 2.01
CT5 5.17 × 10−8 71.70 2.14
CT6 5.36 × 10−8 66.33 2.01
CT7 5.19 × 10−8 68.39 2.00
CT8 6.47 × 10−8 58.14 2.14
CT9 7.28 × 10−8 51.20 2.13
CT10 7.94 × 10−8 42.52 2.03
Totals 812.19 20.47
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A rejuvenation heat treatment at the γ′ solvus was unable to completely recover the
initial creep performance. However, it did provide the best rejuvenated creep performance
when compared to lower solution temperatures. Similar to the 2% and 3% creep strain
threshold tests performed with solutioning 28 °C below the γ′ solvus, each subsequent
creep test maintained a consistent minimum creep rate and time to the creep strain thresh-
old. The overall creep rupture life was 625 h, a factor of 1.8 increase over the baseline creep
test. Multiple rejuvenation at the γ′ solvus resulted in the lowest observed creep rupture
strain of 8%.
A longer total creep rupture life of 812 h was observed for N5-56-2, a factor of 2.4
increase over the baseline. The total rupture strain was 20.5%, a result of ten creep tests
and a corresponding nine rejuvenation heat treatments before failure. However, due to the
low solution temperature the creep performance (minimum creep rate and time to creep
strain threshold) degraded rapidly between the first and second test, comparable to N5-28-
5. Property degradation continued during subsequent creep tests and did not stabilize.
Using a solution temperature of 28 °C below the γ′ solvus provided the greatest
increase in total creep rupture life and established consistent creep performance after
the first rejuvenation heat treatment for a creep strain threshold of 2%. EBSD of the
specimens after failure showed that recrystallization had occurred at all investigated
solution temperatures, as shown in Figure 5.3a and Figure 5.5. Note that while the lowest
solution temperature specimen did not rupture, due to significant necking it was deemed
to have failed. Limited surface recrystallization was observed in the necked region after
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failure for test N5-56-2 while a majority of the reduced gauge section recrystallized in test
N5-FS-2. NDE indicated that recrystallization occurred during the last rejuvenation heat
treatment (HT4) for N5-FS-2. However, for test N5-56-2, the volume of recrystallized
material was not significant enough for RUS to detect, indicating that the NDE technique
(a) (b)
Figure 5.5: Backscattered electron images and inverse pole figure maps with respect to
the loading direction. Images are from multiple rejuvenation tests of Rene´ N5(SX) tests
N5-FS-2 and N5-56-2, with a strain threshold of 2% and solution temperatures during
rejuvenation a) at the γ′ solvus and b) 56 °C below the γ′ solvus, respectively. The loading
direction is indicated on both images. The scale is the same for each micrograph and EBSD
scan.
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is only capable of detecting recrystallization after a critical volume fraction of recrystallized
material has been reached, assuming a random orientation of recrystallized grains.
From the multiple rejuvenation tests of Rene´ N5(SX), it can be concluded that recrys-
tallization limits the extent to which a specimen can be rejuvenated over a range of solution
temperatures from 56 °C below the full γ′ solvus to the full solvus and by interrupting creep
tests between 2-5% strain. In the next section, the multiple rejuvenation testing results of
GTD444(CG) specimens will be discussed and compared to the Rene´ N5(SX) results.
5.2 Multiple Rejuvenation - Creep of GTD444(CG)
Rejuvenation heat treatments for GTD444(CG) were performed at a solution tempera-
ture 14 °C below the γ′ solvus to recover the initial γ′ morphology as discussed in Section
4.1. The results of testing to 1%, 2%, and 3% creep strain thresholds are shown in Figures
5.6 and 5.7, and listed in Table 5.4. All GTD444(CG) specimens were crept at 982 °C/179
MPa. Test 444-14-1 was the most successful with a total creep rupture life and rupture
strain of 1037 h and 6.7%, respectively. The baseline creep performance of GTD444(CG)
had a rupture life and rupture strain of 740 h and 8.2%, respectively. A consistent minimum
creep rate and creep behavior was not established at the solution temperatures and creep
strain thresholds investigated.
Two tests were performed at a creep strain threshold of 2% to illustrate the variability in
creep performance. Tests 444-14-2a and 444-14-2b had total rupture lives of 600 h and 819
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(a) (b)
(c) (d)
Figure 5.6: Multiple rejuvenation ((a) and (c)) creep plots for GTD444(CG) tests 444-14-
1, 444-14-2a, and 444-14-2b, which were solutioned 14 °C below the γ′ solvus and tested
to creep strain thresholds of 1% and 2%, respectively. Each creep test and rejuvenation
heat treatment is labeled. Plotting each creep curve with the same reference point ((b) and
(d)) allows for direct comparison between each test. The red and blue creep curves for the
2% creep strain threshold tests correspond to 444-14-2a and 444-14-2b, respectively.
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(e) (f)
Figure 5.7: Additional GTD444(CG) multiple rejuvenation creep plots ((e)-(f)); test 444-
14-3 was solutioned 14 °C below the γ′ solvus and interrupted at every 3% strain. Each
creep test and rejuvenation heat treatment is labeled.
h and rupture strains of 4.88% and 5.01%, respectively. Using a 3% creep strain threshold
in test 444-14-3 resulted in an increased total rupture life compared to test 444-14-2a of
778 h, 38 h longer than the baseline.
NDE of the GTD444(CG) specimens detected recrystallization during tests 444-14-
2a, 444-14-2b, and 444-14-3 after the final rejuvenation heat treatment, corresponding to
HT2 for each test. Detectable levels of recrystallization were not present in tests 444-14-1.
Additional information on the NDE technique and specific results are presented in Chapter
7. EBSD scans and BSE images confirmed the presence of recrystallization in tests 444-
14-2a, 444-14-2b, and 444-14-3, as shown in Figure 5.8. EBSD scans from test 444-14-2a
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Table 5.4: Summary of the important creep parameters from the multiple rejuvenation tests
performed on GTD444(CG) creep specimens. The creep test number (CT#) corresponds to
the labeled creep curves in Figures 5.6 and 5.7. The minimum creep rate (˙0), creep time,
and strain for each test are reported. Rejuvenation heat treatments were performed 14 °C
below the γ′ solvus.
GTD444(CG) Multiple Rejuvenation Tests
1% Creep Strain Threshold
˙0 (s−1) Creep Time (h) Strain (%)
CT1 8.61 × 10−9 241.11 0.98
CT2 1.19 × 10−8 185.90 1.02
CT3 1.33 × 10−8 159.44 1.00
CT4 1.47 × 10−8 138.93 1.00
CT5 1.72 × 10−8 123.22 1.00
CT6 1.86 × 10−8 111.14 0.98
CT7 2.00 × 10−8 73.50 0.68
Totals 1037.24 6.66
2% Creep Strain Threshold (444-14-2a)
˙0 (s−1) Creep Time (h) Strain (%)
CT1 1.11 × 10−9 329.74 2.10
CT2 1.75 × 10−8 209.10 2.04
CT3 2.31 × 10−8 60.95 0.74
Totals 599.79 4.88
2% Creep Strain Threshold (444-14-2b)
CT1 6.67 × 10−9 465.00 2.00
CT2 1.11 × 10−8 265.15 2.04
CT3 1.97 × 10−8 89.17 0.98
Totals 819.32 5.01
3% Creep Strain Threshold
˙0 (s−1) Creep Time (h) Strain (%)
CT1 7.78 × 10−9 472.95 3.10
CT2 1.58 × 10−8 242.91 3.00
CT3 2.50 × 10−8 61.73 1.19
Totals 777.59 7.28
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also showed the presence of secondary dendrite arms from a neighboring primary dendrite,
as shown in Figure 5.8b. The secondary dendrite arms resulted in the presence of high
angle surface boundaries (> 25°) oriented transverse to the loading direction.
Compared to Rene´ N5(SX), the rejuvenation of GTD444(CG) was less successful, only
able to extend the total creep life over the baseline by a factor of 1.4. Additionally, a
stable minimum creep rate and consistent creep behavior were not established during any
test, which indicates that even at the lowest creep strain threshold of 1%, unrecoverable
damage was present. The presence of unrecoverable damage was most likely a result of
transverse high-angle grain boundaries. While ideally the high-angle boundaries of CG
alloys should be oriented parallel to the loading direction, EBSD scans shown in Figure 5.8
indicate that due to the tortuosity of the grain boundaries, portions of the grain boundary
area are oriented perpendicular to the loading direction. As discussed in Section 1.3.1, grain
boundaries transverse to the loading axis are a source of weakness in the microstructure.
The low creep rupture ductility of the GTD444(CG) specimens supports this conclusion.
GTD444(CG), while less complex from a processing point of view than Rene´ N5(SX),
has a more complex microstructure. Depending on where the creep specimen is machined
from the plate of material, there can be several grains through thickness, leading to vari-
ability in creep properties. The volume fraction of unsolutioned phases was also higher in
GTD44(CG) when compared to Rene´ N5(SX), as shown in Figure 4.1. The microstructure
provides multiple damage initiation sites (carbides, eutectics, and grain boundaries), which
prevented successful recovery of creep properties and make GTD444(CG) less amenable
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(a) (b)
(c) (d)
Figure 5.8: Backscattered electron images and inverse pole figure maps with respect to
the loading direction. Images correspond to multiple rejuvenation tests 444-14-1, 444-
14-2a, 444-14-2b, and 444-14-3, with strain thresholds of a) 1%, b)-c) 2%, and d) 3%,
respectively. A transverse section of 444-14-2a was required to detect the recrystallization.
The solution temperature during rejuvenation was 14 °C below the γ′ solvus for all tests.
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to rejuvenation than Rene´ N5(SX). Additional discussion of the factors limiting rejuvena-
tion of GTD444(CG) and Rene´ N5(SX) will be presented in Chapter 6.
5.3 Multiple Rejuvenation - Creep of a β-NiAl Coated Rene´ N5(SX)
Specimen
In order to determine the influence of coatings on rejuvenation, a β-NiAl coated Rene´
N5(SX) specimen was tested. The presence of a coating is expected to aid in the rejuvena-
tion of creep properties by suppressing surface recrystallization [117]. The nucleation of
recrystallization at the surface of the superalloy substrate will become less favorable due
to the elimination of the free surface. In addition, β-NiAl coated Rene´ N5(SX) creep spec-
imens should not contain a γ′ depletion zone due to the reservoir of aluminum provided
by the coating and will instead have an interdiffusion zone (IDZ) between the coating and
superalloy substrate. An aluminide coating is commonly used in industry to promote the
formation of a slow-growing and adherent α-Al2O3 oxide scale, which serves as a barrier
to oxygen diffusion and provides compatibility with a ceramic top coat. Coatings were ap-
plied by using an aluminizing process that involved exposing Rene´ N5(SX) specimens to a
high Al activity environment. This was followed by a diffusion heat treatment to promote
the inward diffusion of Al and outward diffusion of Ni creating the IDZ. The IDZ has been
shown to be rich in slow diffusing elements such as Re, Ta, and W [2].
A baseline creep test of β-NiAl coated Rene´ N5(SX) at 982 °C/206 MPa resulted in a
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total rupture life and rupture strain of 201 h and 34%, respectively. The rupture life was re-
duced by 144 h when compared to the baseline uncoated Rene´ N5(SX) creep performance
at the same testing conditions. The decrease in life was a result of several factors, including
the loss of the γ/γ′ microstructure near the coating-substrate interface due to interdiffusion.
Creep testing from literature indicates that the creep rate of ⟨100⟩ oriented single crystals
of β-NiAl is approximately 8 orders of magnitude higher than γ/γ′ containing superalloys
[139]. Degradation of the coating also occurs during creep testing and rejuvenation heat
treatments, influencing mechanical performance. Diffusion of Ni and Al during high tem-
perature exposure and Al depletion due to oxidation leads to the formation of a two phase β
and γ′ coating. The Ta-rich γ′ grains that develop are susceptible to catastrophic oxidation
[140]. A topologically closed packed (TCP) phase, σ, rich in Re, W, and Cr, also forms
as a result of interdiffusion due to a decreased Ni activity in the γ phase [140, 141]. At
high temperatures (> 850 °C), TCP phases decrease creep rupture life primarily due to the
depletion of solid solution strengtheners from the matrix phase [2, 10, 142]. Micrographs
collected after rupture of the baseline and rejuvenated β-NiAl coated Rene´ N5(SX) speci-
mens showed the presence of the γ′ phase in the coating, precipitation of TCP phases, and
creep cavities, as shown in Figure 5.9.
Multiple rejuvenation testing of a β-NiAl coated Rene´ N5(SX) specimen resulted in a
total rupture life of 541 h, an increase of a factor of 2.7 compared to the baseline, but had a
reduced creep rupture ductility of 13.6%. The results for each creep test are listed in Table
5.5 and shown graphically in Figure 5.10. Recrystallization was not detected by NDE or
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(a) (b)
Figure 5.9: a) Micrographs of the baseline β-NiAl coated Rene´ N5(SX) creep specimen
tested to failure. b) Additional low magnification (top) and high magnification (bottom)
images of the multiple rejuvenation β-NiAl coated Rene´ N5(SX) creep specimen after
failure.
post-rupture metallographic examination, supporting the theory that recrystallization in the
uncoated Rene´ N5(SX) specimens was initiated at or near the surface of the specimen.
Compared to the results of uncoated Rene´ N5(SX) and GTD444(CG), testing of a
coated specimen was as successful and avoided recrystallization-induced failure. However,
interdiffusion with the superalloy substrate and corresponding degradation of the coating
and precipitation of TCP phases had a similar effect on the creep performance as the
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Table 5.5: Table listing the important creep parameters from a β-NiAl coated Rene´ N5(SX)
multiple rejuvenation test. The creep test number (CT#) corresponds to the labeled creep
curves in Figures 5.10. The minimum creep rate (˙0), creep time, and strain for each test
are reported. Rejuvenation heat treatments were performed 28 °C below the γ′ solvus and
with a creep strain threshold of 2%.
β-NiAl Coated Rene´ N5(SX) Multiple Rejuvenation Tests
˙0 (s−1) Creep Time (h) Strain (%)
CT1 1.44 × 10−8 106.38 1.994
CT2 2.58 × 10−8 86.42 2.032
CT3 3.19 × 10−8 81.79 2.052
CT4 2.81 × 10−9 78.47 2.034
CT5 3.06 × 10−8 74.99 2.000
CT6 3.25 × 10−8 76.23 1.994
CT7 3.97 × 10−9 36.74 1.523
Totals 541.02 13.63
(a) (b)
Figure 5.10: a) Creep curves from multiple rejuvenation testing of β-NiAl coated Rene´
N5(SX) test N5-28-2-CT. b) The creep curves are also plotted using the same reference
point for direct comparison.
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introduction of transverse grain boundaries. While not as catastrophic as recrystallization,
where failure occurred during the subsequent creep test, coating degradation was a con-
tributing factor in the decreasing creep performance after each rejuvenation heat treatment.
The previous sections have summarized the results of multiple rejuvenation on recover-
ing creep properties. The next section of this chapter will discuss the use of a rejuvenation
heat treatment and removal of fatigue cracks via polishing to repair fatigue damage.
5.4 Multiple Rejuvenation - Fatigue of Rene´ N5(SX)
SPLCF testing was conducted on bare Rene´ N5(SX) at a temperature of 982 °C in air
with a strain range of 0.6% and R = -∞ (A = -1.0). Refer to Section 2.2 for additional
information on the SPLCF testing procedure and experimental setup. Rejuvenation heat
treatments used a solution temperature of 28 °C below the γ′ solvus. Multiple rejuvenation
of Rene´ N5(SX) led to a factor of 2 increase in fatigue life compared to the baseline with
no sign of impending failure, as shown in Figure 5.11. The increase in fatigue life only
depended on the removal of previously formed fatigue cracks and not on the application
of a rejuvenation heat treatment, indicating that significant recovery of the dislocation sub-
structure is not necessary to extend SPLCF life. Subsequent crack formation and growth
does not appear to be influenced by the preexisting dislocation substructure, but rather near
surface plasticity and defects such as surface undulations and oxide cracks. This is in sharp
contrast to rejuvenation of creep specimens where annealing dislocations and recovering a
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near virgin microstructural state is necessary to maintain creep properties [61].
Rejuvenation was limited by the amount of material remaining in the gauge section of
the fatigue specimens. Approximately 400-600 µm of material was polished away after
each fatigue test to remove all fatigue cracks, significantly greater than the maximum crack
(a)
(b)
Figure 5.11: A summary of the SPLCF multiple rejuvenation test results: a) a schematic
of the hypothesized result is shown along with images of a specimen at various steps of the
process. b) A plot of the maximum stress in a cycle versus fraction of expected life shows
that a specimen that is only polished performed similarly to a specimen that was polished
and heat treated.
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length of 91 µm observed via optical microscopy on 2D cross sections. This illustrates the
importance of 3D microstructural characterization and the development of NDE techniques
to more accurately determine crack length.
5.5 Summary & Important Conclusions
A Rene´ N5(SX) rejuvenation map was created as a convenient way to visualize the
experimental results of multiple rejuvenation creep testing, as shown in Figure 5.12. Only
creep tests with at least 80% recovery of the inital time to the creep strain threshold were
considered successful. This criterion captured both early failure due to recrystallization
and incomplete recovery. However, this successful rejuvenation criterion may not be ap-
propriate for all situations and should be chosen on a case-by-case basis depending on the
material and mechanical properties of interest. The area shaded red in Figure 5.12 indicates
the region of total creep strain and number of rejuvenation cycles (note: a cycle included
one creep test and one rejuvenation heat treatment) where unsuccessful rejuvenation is ex-
pected to occur. Conversely, successful rejuvenation was further subdivided based on the
solution temperature used during the rejuvenation heat treatment, with the green shaded
region being at the γ′ solvus and blue region at 28 °C below the γ′ solvus. The multiple re-
juvenation tests used to generate this map included: N5-FS-2, N5-28-2, N5-28-3, N5-28-5
and a 1% creep strain threshold multiple rejuvenation test that was not discussed previ-
ously because the test failed as a result of experimental error. The rejuvenation cycle when
recrystallization occurred for each test has also been indicated on the map. More tests are
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Figure 5.12: A Rene´ N5(SX) multiple rejuvenation testing map of total creep strain ver-
sus number of rejuvenation cycles with the regions of unsuccessful (red) and successful
(blue and green) rejuvenation indicated. Only creep tests with at least 80% recovery of the
original time to the creep strain threshold after rejuvenation were considered successful.
The successful rejuvenation region is subdivided into two areas depending on the solution
temperature, as indicated. This map is based on a limited number of experimental tests
(corresponding to N5-FS-2, N5-28-2, N5-28-3, N5-28-5, and a 1% creep strain thresh-
old multiple rejuvenation test) and the regions of uncertainty are indicated in purple. The
rejuvenation cycle when recrystallization occurred has also been labeled for each test
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required to produce an accurate map and as a result, the current map was conservatively
constructed especially at a low total creep strain and a high number of rejuvenation cycles.
The regions of uncertainty in the map are roughly outlined by the purple shading.
The general trends of the rejuvenation map are consistent with experimental results,
namely, that the creep strain threshold before rejuvenation should be below 5% and that
solution heat treatment should be performed near 28 °C below the γ′ solvus. When com-
paring the data from multiple rejuvenation tests N5-28-2 and N5-28-3, which had similar
total rupture lives, N5-28-3 would be preferred due to fewer total rejuvenation cycles. It
has been shown that the mechanisms preventing successful rejuvenation primarily depend
on the extent of high temperature exposure and the accumulation of strain. These fac-
tors result in the nucleation of recrystallization grains through the formation and growth of
subgrains, which occurs at stress concentrations near the surface where there is a reduced
grain growth barrier due to the oxidation induced depletion of γ′precipitates. Even without
recrystallization, a critical accumulation of strain prior to rejuvenation prevents sufficient
recovery of the initial creep properties.
Based on the experimental results of multiple rejuvenation testing presented in this
chapter, several of the unanswered questions and hypotheses posed in Section 1.4.4 are
addressed.
● Is rejuvenation possible in advanced DS alloys and, if so, at what total creep strain
level is rejuvenation no longer viable?
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Rejuvenation is possible in advanced DS alloys, with single crystal alloys being more
amenable to rejuvenation than columnar grained alloys. In GTD444(CG), high angle twist
boundaries (with respect to the [001] direction) are present and, due to the tortuosity of the
grain boundaries, sections of these high angle grain boundaries are oriented transverse to
the loading direction; these, along with recrystallization, prevented successful rejuvenation.
A critical creep strain threshold of between 3% and 5% strain exists for successful
heat-treatment-only rejuvenation. The critical total creep strain before the introduction of
irreversible damage varied depending on the material, creep strain threshold, and solution
temperature employed during rejuvenation heat treatment. When recrystallization-induced
failure occurred, multiple rejuvenation testing at a higher creep strain threshold and a lower
solution temperature resulted in a higher total creep strain before failure. This is due to the
presence of a significant volume fraction of γ′ precipitates at lower solution temperatures
and the specimen being exposed to fewer rejuvenation heat treatments.
● Can rejuvenation treatments be developed to recover damage and, consequently, re-
cover both the creep and fatigue properties?
A rejuvenation treatment was successfully developed to recover both hold-time fatigue
and creep damage. For fatigue damage, only the removal of fatigue cracks was required in
order to extend fatigue life, indicating that crack growth is controlled by surface plasticity
and defects such as surface undulations and oxide cracks.
An impractical amount of material for an industrial setting (400-600 µm) had to be
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removed from specimens interrupted at 50% of expected life. However, the use of coatings
resistant to oxidation-assisted crack growth should allow rejuvenation via re-coating rather
than substrate material removal. Specimens could also be interrupted at a lower fraction of
expected life to lower the amount of material removal required.
● For the case of CG and SX alloys, can recrystallization be avoided during rejuvena-
tion treatments?
Recrystallization was the life-limiting failure mechanism for a majority of the multiple
rejuvenation creep tests performed. However, by reducing the solution temperature, recrys-
tallization can be delayed and by applying a coating, even suppressed. With a coating, the
nucleation of recrystallization at the surface of the superalloy substrate became less favor-
able due to the elimination of the free surface. In addition, β-NiAl coated Rene´ N5(SX)
creep specimens did not contain a γ′ depletion zone due to oxidation.
While there was a comparable extension of total creep rupture life between coated and
uncoated tests, testing of a coated specimen did illustrate the feasibility of suppressing re-
crystallization. Further refinement of the multiple rejuvenation testing to include re-coating
between creep tests and/or the application of coatings for use only during heat treatment
could be employed to minimize the influence of coating degradation on the mechanical
properties. Of course, there is additional cost associated with coating and re-coating and
unless, as a result, rejuvenation can be extended substantially, would not be justifiable.
The primary mechanisms limiting rejuvenation appear to be the presence of stress con-
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centrators, such as grain boundaries, and the evolution of the microstructure that occurs
during mechanical testing or the rejuvenation heat treatment itself. Further discussion of
the factors that limit successful rejuvenation will be presented in the subsequent chapter.
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Chapter 6
Factors Limiting Rejuvenation
While multiple rejuvenation was successful in extending the life of single crystal Rene´
N5(SX) creep and fatigue specimens, there were several microstructural features poten-
tially limiting recovery that will be addressed in this chapter. These include the pres-
ence of transverse grain boundaries due to recrystallization and/or their inherent existence
in GTD444(CG) specimens, carbide decomposition, and solidification porosity. Conse-
quently, full recovery of mechanical properties, the primary goal of rejuvenation, may not
be possible in the complex alloys investigated. There are additional considerations that
will lead to variability in the overall life extension, including the crystal orientation and the
formation of topologically closed packed (TCP) phases.
Turbine blades used for land-based gas turbine engines are currently expected to op-
erate for up to 24,000 h or 2.74 yrs before the first inspection interval and potential reju-
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venation treatment, as discussed in Section 1.4. This extended high temperature exposure
will undoubtedly lead to a difference in the microstructural evolution when compared to
the multiple rejuvenation tests performed in this work, which at most were tested for 215 h
before being rejuvenated.
All of these points will be addressed in the next few sections along with intermittent
discussion of the relevant published literature, beginning with the influence of crystallo-
graphic orientation on mechanical properties.
6.1 Influence of Crystal Orientation on Creep and Rejuvenation
Numerous studies have examined the influence of crystal orientation on creep and fa-
tigue properties of Ni-base superalloys [45, 136, 137, 143, 144]. These investigations have
focused on creep deformation at intermediate temperatures (760 °C – 850 °C) and high
stresses (500 MPa – 750 MPa) where a⟨112⟩ ribbons capable of shearing the γ′ precipi-
tates have been shown to cause large primary creep strains. Because ⟨112⟩ slip can be shut
down by the activation of a second a⟨112⟩ slip system or by sufficient a2⟨110⟩ activity, there
is a strong orientation dependence.
At higher creep temperatures and lower stresses, comparable to the creep tests per-
formed in this thesis work, the orientation dependence of primary creep is less signifi-
cant due to the constriction of slip activity to the γ phase and dominance of a2⟨110⟩ slip
[136, 145–147]. Limiting the discussion to misorientation angles less than 25° from the
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[001] direction, the variation in creep performance at these conditions has been rational-
ized by an increased Schmid factor from 0.41 on the [001] to 0.5 at a misorientation of 25°
from the [001] direction, Figure 6.1 [130].
For the multiple rejuvenation tests presented in Chapter 5, the success of a rejuvenation
treatment is based on the performance compared to prior creep tests, thus any initial varia-
tion due to misorientation is taken into account. However, if multiple rejuvenation tests are
interrupted after a certain number of hours rather than a percent creep strain, then the ini-
tial orientation will have an impact on the amount of deformation in the specimen prior to
rejuvenation and will affect the post-rejuvenation mechanical performance. This scenario
would apply to rejuvenation of service-exposed turbine blades where the amount of creep
strain will vary locally within a single blade and between blades. In general, crystal
(a) (b)
Figure 6.1: Schmid factor contours for the highest stress slip systems from the: a)⟨112¯⟩[111] and b) ⟨11¯0⟩[111] slip system families. Taken from MacKay, et al. and
Nabarro, et al. [130, 137].
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misorientation will prevent successful rejuvenation if using a total rupture life criterion due
to the rejuvenated creep performance being limited by the initial properties.
6.2 Microstructural Defects
Besides crystal misorientation, microstructural defects such as solidification porosity,
intrinsic transverse high angle grain boundaries or grain boundaries introduced via recrys-
tallization, and the evolution and precipitation of minor phases also affect rejuvenation.
This section will address the impact of these defects by examining literature and the exper-
imental results of this thesis work, starting with transverse high angle grain boundaries.
6.2.1 Grain Boundaries Transverse to the Loading Direction
As discussed in Chapter 5, transverse grain boundaries are a source of weakness in the
microstructure, being responsible for unsuccessful rejuvenation and the cause of failure in
all GTD444(CG) and uncoated Rene´ N5(SX) multiple rejuvenation tests. Previous studies
have examined static surface recrystallization in Ni-base superalloys due to damage asso-
ciated with shot peening, grit blasting, and cold working [100, 117–122]. The influence of
recrystallization on mechanical properties in CG and SX superalloys appears to depend on
the alloy composition and the depth of the recrystallized layer [125, 148–151]. In general,
recrystallization increases the minimum creep rate and decreases the rupture life due to the
introduction of high angle grain boundaries, as discussed briefly in Section 3.1.2.5. There
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is a linear relationship between the fraction of recrystallized area and decrease in creep
rupture life for both CG and SX alloys in the limited studies performed [148–150].
Previous research on bicrystals of Ni-base superalloys GTD444 and Rene´ N4 concluded
that GTD444 specimens with only 0.09 wt% carbon and 0.009 wt% boron were able to
tolerate a misorientation greater than 20° while maintaining the same creep rupture life and
a creep rupture ductility over 5%, as shown in Figure 6.2 [152]. Crack formation occurred
in GTD444 due to the deformation incompatibility between the two crystals. Rene´ N4, with
approximately half the concentration of carbon and boron as GTD444, had a decrease in
creep rupture life by a factor of 2 and a creep rupture ductility less than 1.5% in specimens
with a misorientation greater than 20° between the two crystals [152]. Other alloys that
do not have any additions of carbon or boron are even more prone to property degradation
with the presence of high angle boundaries. For example, a bicrystal of CMSX-4 with a
misorientation of 7° tested at similar creep conditions to the previous study lasted for 100
h while a perfect SX failed at over 10,000 h [2, 153].
The composition of Rene´ N5(SX) used in this study contained 0.05 wt% carbon and
0.005 wt% boron, comparable to Rene´ N4, thus specimens with grain boundaries having
misorientations greater than approximately 10° will experience a decrease in creep rupture
life and are sufficiently weak to fracture before significant plastic strain accumulation. This
observation is supported by the multiple rejuvenation testing results, shown in Section 5.1,
where specimens with extensive recrystallization failed within several hours and at creep
strains below 0.2%. It was also hypothesized that inherent transverse grain boundaries in
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Figure 6.2: Plot of the creep rupture life (h) of Rene´ N4 and GTD444 bicrystals as a
function of the bicrystal misorientation angle (°), illustrating the effect of the increased
concentration of grain boundary strengtheners in GTD444 compared to Rene´ N4. From
Stinville, et al. [152].
GTD444(CG) prevented successful rejuvenation. While GTD444(CG) has a higher con-
centration of grain boundary strengtheners, the boundaries still serve as a crack initiation
sites and constrain the neighboring crystals. As shown by Stinville, et al., the different
deformation rates in the neighboring crystals forming the boundary can cause a build up
of shear band-induced plastic gradients [152]. Cracking of the boundary occurs once a
critical stress has been reached and preferentially occurs at the surface. This agrees well
with EBSD scans of multiple rejuvenation test 444-14-2a (Figure 6.3), where intense bands
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of slip are associated with transverse high angle boundaries and boundaries located at the
specimen surface have cracked. Recovery of the intense slip will not be possible with a
rejuvenation heat treatment and thus failure should occur once a critical total creep strain
value is reached. The comparable total creep rupture strains of between 4.88% and 7.28%
for the GTD444(CG) multiple rejuvenation tests performed in Section 5.2 and those re-
ported by Stinville, et al. of between 5.3% and 7.3% for bicrystals suggest a similar failure
mechanism.
For rejuvenation of single crystals, it may be useful to develop an alloy that is specif-
ically suited to rejuvenation with an increased concentration of grain boundary strength-
eners to avoid catastrophic failure due to recrystallization. This, however, will cause a
decrease in the incipient melting temperature and require modification of the post-casting
heat treatment resulting in a less creep and fatigue resistant initial microstructure.
6.2.2 Solidification Porosity
Another defect to consider is solidification porosity, which can act as a stress concen-
trator and serves as a crack initiation site. Additionally, the growth of porosity reduces the
load bearing cross-sectional area, increasing the effective stress on the remaining material
during mechanical testing at elevated temperatures. Cavitation during creep testing of CG
and SX alloys is typically limited to near and within the necked region, being observed at
high strains during tertiary creep, as discussed in Section 3.1.1. Successful rejuvenation
of the creep properties using only a solution and aging heat treatment was achieved by
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(a) (b)
(c)
Figure 6.3: Electron backscatter diffraction scans of multiple rejuvenation specimen 444-
14-2a. Inverse pole figures with respect to the loading direction/growth direction (a) and
transverse direction (b) are included along with a grain reference orientation deviation map
(c) showing a misorientation of up to 11° near high angle boundaries. High angle bound-
aries (> 15°) are indicated on (b) and (c) by black lines.
interrupting creep tests at low strains prior to the onset of signification cavitation. Thus,
discussion in this section will be focused on the role of porosity in fatigue.
Porosity in Ni-base superalloys forms due to dendritic solidification, where the liquid
metal is unable to flow through interdendritic channels to compensate for shrinkage in the
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pockets of solidifying metal [154–156]. Gas porosity is avoided in Ni-base superalloys by
performing casting in a vacuum. SPCLF damage has been successfully rejuvenated, how-
ever the primary form of damage in dwell-fatigue is the formation and growth of surface
cracks. Observed crack nucleation sites in uncoated Rene´ N5(SX) SPLCF specimens in-
clude surface undulations and locations where carbides intersect the specimen surface and
oxidize rapidly. Fortunately for the rejuvenation of SPLCF damage, surface cracks can be
detected non-destructively by simple visual or fluorescent penetrant inspection.
The worst case scenario for the rejuvenation of fatigue damage involves internal crack
initiation and growth, which requires hot isostatic pressing (HIP) to remove. Even then,
HIP at typical conditions of 100 MPa and 1100 °C may cause recrystallization and less
optimal control of the γ′ precipitate size and shape [157]. Subsequent heat treatments to
obtain the desired microstructure can cause the closed pores and cracks to reopen [157].
Thus, the best way to avoid internal cracks may be improving the alloy’s resistance to
crack initiation and growth by minimizing the number and size of the initiation sites (pri-
marily porosity) introduced during solidification. Thesis work performed by Brundidge
successfully implemented two modifications to improve the low-cycle fatigue life of Rene´
N5. As shown in Figure 6.4, the use of liquid metal cooling (LMC) allows faster solidifi-
cation velocities than the traditional Bridgman method, refining the dendrite arm spacing
and reducing the maximum pore size by 70% [158, 159]. The reduction in pore size led to
a factor of between 3 – 7 increase in fatigue life depending on the stress amplitude. Adding
additional levels of Ta to the base Rene´ N5(SX) composition also caused an improvement
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in fatigue life by strengthening the γ′ precipitates, however it also led to an increased pore
size compared to the baseline Rene´ N5(SX) composition.
Additional reports in the literature showed a factor of 4 improvement in low-cycle fa-
tigue life of LMC specimens of the first generation Ni-base superalloy AM1 at 750 °C
when compared to Bridgman cast samples [160]. For all tests performed by Steuer, et
al. at 750 °C, cracks initiated from internal or near-surface porosity. At 950 °C, LCF life
was shown to be independent of casting method and life was apparently limited by oxida-
tion rather than the initial pore size. This was confirmed by conducting tests in vacuum,
where LMC specimens displayed an improvement in fatigue life. Applying a coating to a
specimen may also help suppress oxidation-induced failure.
Rejuvenation of low-cycle and high-cycle fatigue damage, which is commonly con-
trolled by internal porosity, provides a significant challenge. HIP is capable of closing
solidification porosity and healing un-oxidized fatigue cracks, however, it may cause re-
crystallization and degrade creep properties. Refinement of the microstructure and the
addition of γ′ strengtheners has been shown to significantly increase the fatigue life, and,
through optimization, may prevent traditional fatigue from being the life limiting damage
mechanism. Thus, several rejuvenation cycles that use a simple heat treatment that would
not modify the internal solidification porosity could be used to repair visible surface cracks
and creep damage until approaching the fatigue limit of the component.
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(a)
(b)
Figure 6.4: a) S-N curve for low-cycle fatigue tests performed at 538 °C illustrating the
beneficial effect of liquid metal cooling on fatigue life. b) Measuring the diameter of crack
initiation site for each tested specimen indicated that the improved fatigue life is a result of
porosity refinement. Taken from Brundidge, et al. [159].
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6.2.3 Carbides, Their Decomposition, and Topologically Closed
Packed (TCP) Phases
Carbides, as discussed in Section 1.2.2, have cubic crystal structures with no apparent
orientation relationship with the γ matrix. The addition of carbon and the formation of
carbides is beneficial to the solidification of Ni-base superalloys by suppressing grain de-
fect formation [161, 162]. However, carbides are also stress concentrators and have been
observed to crack during creep testing, as mentioned in Section 3.1.1. High resolution
EBSD by Karamched, et al. has determined, as shown in Figure 6.5, that the geometri-
cally necessary dislocation density increases around carbides by a factor of between 3 – 6,
depending on the imposed mechanical strain, compared to areas away from carbides dur-
ing room temperature bend tests of the CG first generation Ni-base superalloy Mar-M-002
[163].
Long term aging studies have shown that primary (MC) carbides decompose to sec-
ondary M23C6, M7C3, and M6C carbides, that are enriched in Cr [81, 164]. The depletion
of Cr from the γ matrix leads to the formation of the less ductile γ′ phase at the carbide-
matrix interface, promoting crack formation during fatigue. However, carbon and boron
strengthen grain boundaries, improving creep properties, specifically rupture life for PC
and CG Ni-base superalloys [2, 10, 165]. The formation of the Ni3(TiTa) η phase, with
a hexagonal DO19 crystal structure, has also been reported in a PC GTD111 alloy with a
suggested decomposition reaction of MC + γ/γ′ → M23C6 + η rather than the traditional
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(c)
Figure 6.5: The a) thermally induced and b) after subsequent compression to 6% strain
total density of geometrically necessary dislocations per meter squared around a carbide.
The scale bars are 5 µm long, and a step size of 0.25 µm was used. c) Karamched, et al.
also collected scans around carbides along a beam bent to 10%, providing information on
the geometrically necessary dislocation density at various strain levels [163].
MC + γ →M23C6 + γ′ decomposition reaction [2, 166, 167]. The Ti and Al concentration
in the alloy are primarily responsible for the precipitation of the η phase [166, 168, 169].
Ti helps to stabilize the η phase, having the DO19 structure, while Al stabilizes γ′.
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Blades in service, as mentioned previously, can be under load at temperature for up
to 24,000 h before inspection. The creep and fatigue tests typically performed in a sci-
entific setting only last for hundreds of hours, thus the microstructure is expected to be
significantly different between the two extremes. To investigate this effect, long term creep
specimens of GTD444(CG), provided by Art Peck at GE Power, were examined by elec-
tron microscopy, with a specific focus on characterizing the carbide decomposition and its
potential impact on mechanical properties and rejuvenation.
A total of seven specimens were crept transverse to the growth direction at various tem-
peratures and stresses until failure, defined by complete specimen separation. Each creep
test lasted for at least 1000 h with one specimen lasting over 15000 h. Creep testing was
performed by Joliet Metallurgical Laboratories, Inc., per ASTM E138. Examination of the
specimens indicated a change in failure mechanism depending on the applied stress. For
example, ductile failure was observed for Specimen B which was tested at 276 MPa, while
Specimen E was tested at 69 MPa and failed in a brittle manner at two locations along
the gauge length. The fracture surfaces of tested specimens showed that internal oxidation
along grain boundaries occurred in some cases. Samples with greater than 45% intergran-
ular oxidation (IGO) had a factor of two reduction in plastic strain at rupture compared to
specimens with less than 2% IGO. The fracture surfaces of Specimen B and Specimen E
are shown in Figure 6.6. Notice the blue color of the mixed oxides on the left side of Spec-
imen E. A Larson-Miller plot of the creep tests along with the rupture strain and extent of
IGO evident from the fracture surfaces is shown in Figure 6.7. There appears to be a stress
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threshold of approximately 120 MPa above which oxidation did not play an important role
in failure due to the relatively short test length. IGO was the dominant failure mechanism
when samples were exposed to high temperatures for extended periods of time.
(a) (b)
Figure 6.6: Fracture surfaces imaged via optical microscopy of a) Specimen B and b)
Specimen E. The white dashed line indicates how the specimen was sectioned for further
metallographic examination.
Specimen E was sectioned along the dotted line shown in Figure 6.6b for further exami-
nation via EBSD and electron microscopy. A phase map, inverse pole figure with respect to
the growth direction, and backscattered electron image collected near the specimen surface
confirmed the presence of the η phase and small regions of surface recrystallization, Figure
6.8. The η phase had a platelet or globular morphology that formed at various angles with
respect to the specimen surface.
Several studies have examined the influence of the η phase on the mechanical properties
of Ni-base superalloys, with contradictory results [167, 170, 171]. Platelets of η have been
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Figure 6.7: Larson-Miller plot for GTD444(CG); creep tests were performed transverse to
the growth direction. Each specimen is labeled by an identifying letter, the rupture strain,
and fraction of visible intergranular oxidation on the fracture surface.
shown to cause a loss of creep rupture ductility and cracking in conventionally cast PC
IN901 [171]. However, in CG alloys such as GTD111, the η phase had no noticeable effect
on properties [167]. Creep tests performed on IN740 at 760 °C and 35 MPa for 20,000 h
determined that a small amount of the η phase near the grain boundaries did not affect the
creep performance [170]. Some researchers have even shown that the η phase may increase
creep resistance in Fe-Ni alloys and Udimet 720Li [172, 173]. Clearly the influence of the
η phase on the mechanical properties is complex and depends on a number of factors, such
as the morphology, location in the microstructure, and loading conditions.
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In the case of GTD444(CG), η precipitates were not associated with crack or cavity
formation and growth. Platelets of η were only observed near the surface and were typically
50 µm in length, as shown in Figure 6.9. Oxidation was observed on the fracture surface
of Specimen E and along high angle grain boundaries away from the primary fracture site,
Figure 6.9. Based on the lack of damage associated with the η phase, it appears to have a
limited influence on creep properties. However, being hard particles, the η platelets may
crack during fatigue loading.
Figure 6.8: EBSD scans and backscattered electron images of a surface region containing
the η phase in Specimen E. An inverse pole figure (top left) with respect to the growth
direction shows a region of surface recrystallization and a phase map (bottom left) colors
the HCP η phase white.
The results of this investigation point to oxidation controlling the transverse creep rup-
ture life during low stress creep tests, where the specimen is exposed to high temperatures
for an extended period of time. Recent work by Suave, et al. on CG DS200 + Hf specimens
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Figure 6.9: Additional EBSD scans from Specimen E were collected away from the frac-
ture surface to show that damage is concentrated near grain boundaries rather than the
η platelets. Inverse pole figure maps with respect to both the growth direction (top left)
and loading direction (bottom left) indicate the presence of a crack on a high angle twist
boundary.
crept transverse to the growth direction above 900 °C at 350 MPa also reported intergranu-
lar failure controlled by oxidation [174]. Surface oxidation of the specimen during testing
depletes the surface of aluminum leading to the precipitation of η. Thermo-Calc was used to
determine the influence of decreasing the aluminum content on the stability of the η phase.
The resulting calculated phase diagram, using the composition of GTD444(CG) listed pre-
viously in Table 1.1, is shown in Figure 6.10. The creep testing temperatures for all seven
specimens are indicated along with the initial aluminum concentration of approximately 9
at%. Each phase of interest has been labeled along with the calculated volume fraction at
a point in each phase field. The additional phase field lines in Figure 6.10 correspond to
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minor carbide, boride and TCP phases below 1% vol. fraction and are not included for this
analysis.
At the initial Al/Ti ratio, η is not thermodynamically stable for the range of creep
testing temperatures used. However, η is predicted to form once the aluminum concen-
tration drops below a critical value depending on the test temperature, confirming the
experimentally inferred oxidation-driven precipitation of η. It is interesting to note that the
calculated phase diagram also correctly predicts the η free region directly at the specimen
surface, as shown in Figure 6.9, for Specimen E.
Figure 6.10: Calculated phase digram of GTD444(CG) using Thermo-Calc. The creep test
temperature for each specimen is indicated on the righthand side of the plot. Additionally,
the white dashed line shows the initial concentration of Al in GTD444(CG). Extra phase
field lines correspond to minor phases below 1% volume fraction.
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Besides carbide decomposition, the precipitation of additional phases occurs after long
term high temperature exposure. Third generation superalloys, heavily alloyed with Re,
readily form TCP phases while coatings promote TCP phase formation in second genera-
tion alloys such as Rene´ N5(SX), as reported in Section 5.3. The formation of TCP phases
can be controlled by modifying alloy composition, with Ru being shown to reduce the sus-
ceptibility to TCP formation [175–177]. Modification to the coating chemistry and method
of application have also helped suppress TCP precipitation [2].
6.2.4 Conclusions
The discussion of the rejuvenation limiting factors up to this point in this section
prompts the question: is full recovery possible in Ni-base superalloys? For GTD444(CG)
and Rene´ N5(SX), rejuvenation was limited primarily by transverse grain boundaries
inherent to the microstructure or due to recrystallization. Examination of long term
GTD444(CG) creep specimens revealed that carbide decomposition and oxidation led to
the precipitation of the η phase but it did not influence creep performance. Rather, in-
tergranular oxidation controlled the transverse creep rupture life below a critical stress
at creep conditions more comparable to service. The controlling failure mechanism in
GTD444(CG) clearly depends on the creep testing conditions, and the direction of loading
with respect to the solidification direction, with oxidation playing a prominent role rather
than carbide decomposition. Based on the observed failure mechanisms, full recovery of
GTD444(CG) creep properties will not be possible using a solution + aging heat treatment
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due to the irreversibility of oxidation, recrystallization, and the inherent grain structure.
Using HIP is likely to provide only a marginal benefit in creep performance depending on
the loading conditions, as oxidized cracks can not be healed.
Multiple rejuvenation of Rene´ N5(SX) was experimentally shown to be successful
based on an overall extension of total creep rupture life and recovery of 80% of initial
time to the creep strain threshold, as mentioned in Chapter 5. This appears to be a result
of the more creep resistant initial microstructure and the initial absence of any high angle
grain boundaries, when compared to GTD444(CG). The formation of TCP phases and crys-
tal misorientation are potential life limiting factors of Rene´ N5(SX), but rejuvenation will
still be successful relative to the initial creep performance of the defective specimen. Reju-
venation of fatigue damage caused by surface cracks was also successful, however, internal
crack growth initiating at solidification porosity during fatigue testing was not examined as
part of this thesis work. Such damage will not be repaired using only a solution + aging
rejuvenation heat treatment for both GTD444(CG) and Rene´ N5(SX). HIP has been shown
to decrease pore size, improving creep and fatigue performance, however, the downside of
potentially causing recrystallization and the additional cost must be taken into account. The
use of LMC rather than Bridgman casting is another way to improve mechanical properties
but will also increase production costs.
While rejuvenation of Rene´ N5(SX) was considered successful, full recovery of the
creep performance was not attainable even with a solution heat treatment at the γ′ solvus.
Similar results are expected for GTD444(CG) although rejuvenation heat treatments were
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only performed below the γ′ solvus temperature. This is likely a result of the low ini-
tial dislocation density, heterogenous deformation due to stress concentrators in the mi-
crostructure, and the inherent recovery mechanisms. As mentioned in Section 1.4.1, during
recovery, the stored energy of the material is reduced by the movement of dislocations,
resulting in annihilation and rearrangement into lower energy configurations. Pure single
crystals of hexagonal close-packed and cubic metals deforming on a single slip system can
have their initial mechanical properties and microstructure fully recovered during anneal-
ing [178–180]. For Ni-base superalloys, however, full recovery without recrystallization
is not possible. This is due to dislocation interactions and extensive crystal rotation near
stress concentrators, producing excess dislocations of one sign that cannot be removed by
annihilation [24]. The hold-time fatigue behavior of Rene´ N5(SX) appears to be less influ-
enced by the existing dislocation substructure, as mentioned in Section 5.4, however due to
the limited number of tests and experimental scatter, additional work is required to confirm
this observation.
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Chapter 7
A Method for Nondestructively
Detecting Rejuvenation-Limiting
Microstructural Features
This chapter will present a detailed discussion on the fundamentals enabling RUS to
be used as a non-destructive evaluation (NDE) technique, followed by a discussion of the
experimental results. Resonant ultrasound spectroscopy (RUS) was successfully imple-
mented as a part of a multiple rejuvenation testing procedure to detect recrystallization, as
mentioned in Chapter 5. To verify that the RUS results have been correctly interpreted, a
finite element (FE) model has also been developed to predict the influence of recrystalliza-
tion on the resonance frequencies of shot peened and heat treated creep specimens.
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7.1 Resonant Ultrasound Spectroscopy
RUS falls under a broad category commonly referred to as ultrasonics, or acoustics
when the frequencies of mechanical resonance fall within audible limits. In RUS, reso-
nance modes are excited by piezoelectric transducers that provide a periodic displacement
to the surface of the specimen, causing standing elastic waves to develop that constructively
interfere and produce amplified deflections [181–185]. These amplified deflections are then
recorded across a range of frequencies by additional piezoelectric transducers contacting
the specimen to yield a broadband resonance spectrum when plotted as a function of the
excitation frequency [181–185]. From peaks in the broadband measurement, resonance
frequencies are deduced that are characteristic of the geometry and the material properties
of the specimen [181–185]. Furthermore, there are different modes of resonance (i.e. lon-
gitudinal, bending, and torsional) that may be more or less sensitive to different types of
damage and its location.
7.1.1 Elasticity Considerations
Elastic waves excited in the specimen during RUS inspection are low-energy and gener-
ate very small sample deflections such that the assumption of linear elasticity is appropriate.
The 3D constitutive law relating stresses (σij) and strains (kl) is Hooke’s law, given as:
σij = Cijklkl, (7.1)
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where Cijkl is the fourth-order stiffness tensor. Voigt shorthand maps the Cijkl of the fourth-
order tensor to a 6-by-6 matrix (Cijkl → Cpq).
The two constituent phases of Ni-base superalloy single crystals, γ and γ′, possess
cubic crystal structures, affording the material cubic elastic symmetry. Cubic symmetry
materials are fully defined by 3 independent stiffness values, C11, C12, and C44 [183].
An important characteristic for RUS inspection of grain structure is the elastic
anisotropy of the material, which is commonly defined for a cubic crystal by the Zener
anisotropy ratio [186]:
A = 2C44
C11 −C12 . (7.2)
Metals with low elastic anisotropy include Al and W with AAl ≈ 1.2 and AW ≈ 1.0,
while Ni, Fe, and Cu exhibit significant anisotropy with anisotropy ratios ranging from 2.4
– 3.2 [187]. Table 7.1 provides the stiffness values and calculated A for CMSX-4 [188], a
Ni-base superalloy with similar composition and properties to the alloy employed in this
study, Rene´ N5(SX).
Table 7.1: Single crystal stiffness values for CMSX-4, a single crystal Ni-base superalloy
similar in composition to Rene´ N5(SX), data from Sieborger, et al. [188].
Stiffness Value (units)
C11 252 GPa
C12 161 GPa
C44 131 GPa
A 2.88 unitless
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7.1.2 Influence of Recrystallization on Resonance
As a direct result of elastic anisotropy, a single crystal casting will exhibit different res-
onance characteristics as compared to a polycrystalline casting of the same material, with
larger anisotropy leading to greater divergence of resonance characteristics. Conversely, a
material with an A = 1 would resonate irrespective of grain structure and would not be a
candidate material for the detection of recrystallization with RUS.
Rene´ N5(SX) is most compliant to normal stresses along ⟨100⟩ directions, and least
compliant to shear on {100} planes. Refer to Table 7.2 for the calculated directional elastic
moduli values for CMSX-4, a superalloy with similar composition to Rene´ N5(SX).
Table 7.2: Directional elastic moduli for single-crystal CMSX-4 specimens, calculated
with data from Sieborger, et al. [188].
Directional Moduli Value (units)
E[100] 126 GPa
E[110] 231 GPa
E[111] 320 GPa
G{100}<⊥> 131 GPa
G(110)[11¯0] 45.5 GPa
G(110)[001] 131 GPa
G{111}<⊥> 58.1 GPa
As a [001] single crystal undergoes recrystallization, the recrystallized grains will have
an orientation different than the parent material that is stiffer to normal loads, and will be
more compliant to shear loading. The consequence of this is that resonance modes in-
volving dilational or extensional motion (bending modes) will encounter a higher stiffness
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according to the following relation:
fR ∝√E
ρ
(7.3)
whereby the resonance frequency (fR) increases. Similarly, resonance modes dominated
by shear or torsional motions (torsional modes) will encounter a lower stiffness (G in place
of E above), and should exhibit a decrease in fR.
Ultimately, the goal of using RUS coupled with FE models is to establish a NDE frame-
work for characterizing and monitoring particular resonant modes of a geometrically com-
plex single crystal specimen that contains grain defects, based on the fundamental prin-
ciples outlined above. Results of using RUS during multiple rejuvenation testing will be
discussed in the next section.
7.2 Experimental RUS Results from Multiple Rejuvenation Testing
RUS measurements were collected using an apparatus manufactured by Vibrant NDT
Corporation, shown in Figure 2.7 and discussed previously in Section 2.3.1. ASTM stan-
dard E2534-15 also discusses the use of RUS setups. Based on the expected behavior of
recrystallization on resonance and to simplify the analysis, three reliably measured reso-
nant bending modes were selected and tracked during multiple rejuvenation testing. The
tracked modes correspond to FE-model-informed mode numbers 9-10, 11-12, and 13-14.
These were selected out of the 50 total modes for the frequency scan range of 1-200 kHz.
Only the fR are monitored with a focus on the evolution of mode-specific changes in fR
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(∆fR), defined as:
∆fR = f new conditionR − f previous conditionR
f previous conditionR
∗ 100% (7.4)
Scans were collected before and after each creep test and rejuvenation heat treatment, as
illustrated in Figure 4.7.
Bending modes occur in pairs that theoretically resonate at the same frequency. How-
ever, resonance is highly degenerate and, due to asymmetry in the resonating creep speci-
men, peak splitting occurs [189]. Additionally, in some RUS scans, only a single bending
mode was measured experimentally rather than a pair due to weak coupling between the
sample and the transducers, or a neighboring high-amplitude peak. Due to these issues,
each bending mode pair (9-10, 11-12, and 13-14) was averaged from three separate RUS
scans.
The accuracy and precision of the technique is on the order of a tenth of a percent of
the resonance frequency, corresponding to a frequency variation of approximately 10-30
Hz [135]. The variability is primarily due to specimen placement on the transducers.
Additionally, the amplitudes of the resonance peaks can vary by an order of magnitude,
a consequence of the specimen deflecting off the transducers during resonance. For
this reason, analysis of the full peak width at half height and subsequent quality factor
calculations were not performed. Four representative RUS scans are shown in Figure 7.1
for an as-machined Rene´ N5(SX) specimen of the same design as the creep specimens
used for mechanical testing, as shown earlier in Figure 2.1a.
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Figure 7.1: Four broadband resonance scans collected from 20-200 kHz for a single Rene´
N5(SX) creep specimen in the as-machined condition. The measured amplitudes are not
repeatable with the RUS setup as configured. Amplitudes are plotted in arbitrary units with
the scans offset for clarity.
The mode number and ∆fR due to each creep test and rejuvenation heat treatment
performed during the multiple rejuvenation tests discussed in Chapter 5 are listed in Tables
7.3 and 7.4. The influence of creep deformation on the ∆fR is evident by constructing a box
plot of all experimentally measured points from the three sets of bending mode pairs for
both GTD444(CG) and Rene´ N5(SX) , as shown in Figure 7.2a. A linear regression fit to the
data indicates that up to 5% creep strain there is an inverse linear relationship between ∆fR
and creep strain. This is a result of specimen elongation and the corresponding increase in
the wavelength and decrease in resonance frequency due to the inverse relationship between
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(a)
(b) (c)
Figure 7.2: Box plots showing the experimentally measured ∆fR due to a) creep deforma-
tion, and rejuvenation heat treatments of b) Rene´ N5(SX) and c) GTD444(CG). The box
plots show a rectangle that spans the interquartile range. A black horizontal line inside the
rectangle shows the median and each measurement is plotted showing the minimum and
maximum values. Each heat treatment is labeled with the baseline corresponding to HT0.
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wavelength and resonance frequency. The bending mode pairs were analyzed collectively
because they each supported the inverse linear relationship with r2 values of between 0.6
and 0.8. The dominant influence of specimen elongation on the ∆fR makes it difficult to
use RUS to determine the presence of cracks and cavities non-destructively at low creep
strains, because they would also result in a decrease in the resonance frequency by reducing
the specimen’s effective elastic modulus.
However, RUS was successful in non-destructively detecting the presence of recrys-
tallization. Box plots of Rene´ N5(SX) and GTD444(CG) (Figures 7.2b and 7.2c, respec-
tively) indicate a statistically significant difference in the ∆fR due to the final rejuvena-
tion heat treatment before failure of several multiple rejuvenation creep tests, as discussed
previously in Chapter 5. It was later confirmed via metallographic examination that re-
crystallization was present in these specimens. The average ∆fR from the rejuvenation
heat treatment that caused significant recrystallization was 4.31% ± 3.19% and 1.36% ±
1.31% for Rene´ N5(SX) and GTD444(CG), respectively. Rene´ N5(SX) showed a more
significant ∆fR when compared to GTD444(CG) due to the inherent differences in grain
structure between a SX and a CG material. A CG creep specimen will, on average, have
several grains through thickness and contain high angle twist boundaries, resulting in a
higher baseline elastic modulus. Thus, recrystallization will have a less significant influ-
ence on the elastic properties when compared to a well-aligned single crystal. Furthermore,
recrystallization in a single crystal specimen was observed to consume a majority of the re-
duced gauge section. The same could not be said for recrystallization in GTD444(CG),
163
which was more limited. One Rene´ N5(SX) multiple rejuvenation specimen that was in-
terrupted before complete rupture did not display a statistically significant ∆fR but limited
surface recrystallization was present. This result indicates that the RUS technique is de-
tecting recrystallization only after a critical volume fraction of recrystallized material has
been reached, assuming a random orientation of recrystallized nuclei. Thus, RUS did not
detect the onset of recrystallization but rather the onset of a statistically significant change
in the elastic properties resulting from catastrophic levels of recrystallization. The presence
of detectable levels of recrystallization always resulted in abrupt specimen rupture during
multiple rejuvenation creep testing.
The typical ∆fR from a rejuvenation heat treatment was low and negative at approx-
imately -0.226% ± 0.456% and 0.040% ± 0.31% for Rene´ N5(SX) and GTD444(CG),
respectively. The negative ∆fR was believed to be a result of the reduction of mixed oxides
during the rejuvenation heat treatment, which was performed in a 5% H2/Ar environment,
causing a mass change. The baseline heat treatment, displayed at HT0 in Figures 7.2b and
7.2c, showed the greatest scatter in ∆fR between the three pairs of bending modes and from
specimen to specimen. This may be a result of the relaxation of residual stress imparted on
the specimens during machining.
In summary, there is strong evidence that RUS can be used to detect recrystallization,
however, detecting other forms of creep damage will be difficult if not impossible at the
creep strains of interest due to significant geometry change during mechanical testing. To
verify and further investigate the use of RUS to detect recrystallization, specifically focus-
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ing on the influence of the volume fraction of recrystallized material, a more controlled
experiment was performed involving the heat treatment of shot peened creep specimens.
A finite element (FE) model was also developed by Brent Goodlet of the University of
California, Santa Barbara to corroborate the experimentally observed ∆fR.
7.3 Verifying the Use of RUS to Detect Recrystallization
Shot peening was performed at GE Power on the reduced gauge section and fillets of
creep specimens using two different gas pressures. Full coverage was obtained by using
a custom fixture and rotating the specimen between passes as shown in Figure 7.3. One
specimen was shot peened using standard conditions and will be referred to henceforth
as Specimen Low-Pressure (LP), while the other specimen was shot peened at double the
typical pressure and will be referred to as Specimen High-Pressure (HP). There was a
negligible change in the diameter of the specimens as a result of shot peening. To induce
recrystallization, heat treatments were performed at the γ′ solvus temperature for several
hours in a reducing atmosphere to avoid surface oxidation and minimize mass change.
RUS scans were collected from Specimen LP and Specimen HP in the as-machined
(baseline), shot peened, and shot peened + solution heat treated conditions. fR were mea-
sured for each condition, allowing for mode-specific resonance frequency shifts (∆fR) to
be determined as a result of shot peening and shot peening + solution heat treatment. After
collecting RUS spectra, Specimen LP and Specimen HP were sectioned longitudinally
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along the [001] growth direction and prepared for metallographic examination.
Figure 7.3: High magnification optical image of a machined specimen after shot peening.
7.3.1 Modeling Resonance using Finite Element Analysis
Finite element methods are particularly useful for modeling resonance in samples with
complex geometries such as the mechanical test specimen detailed in Figure 2.1a. Using
ABAQUS CAE 6.12 [190], this specimen was discretized and the governing physics and
material properties applied. The virgin specimen model was comprised of approximately
200,000 linear hexahedral (C3D8R) and wedge (C3D6) elements that were assigned
single crystal elastic properties [190], Table 7.1, and a global material orientation such
that the long axis of the specimen was parallel to the [001] crystallographic direction.
Once the modeled specimen was fully defined, the 50 first (lowest frequency) resonance
modes were determined by the ABAQUS Lanczos Eigen frequency solver. The modeling
was conducted on a 64-bit desktop computer with 3.4 GHz processor and 20 GB RAM.
The model output provided exaggerated depictions of the resonance mode deflection
character, Figure 7.4, that allowed each mode to be classified as one of four distinct mode
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types: longitudinal bending, torsional, extensional, or transverse bending. Along with
the deflection character, the model described above outputs a list of fR that establish the
baseline response of a virgin specimen before shot peening or recrystallization. At this
point in the model development process it is important to ensure that the FE modeled and
RUS measured fR agree to within approximately ±1% for each mode [191]. Mode-order
and periodicity should match well enough that measured and modeled modes can be
matched over a majority of the broadband, herein considered the first 50 modes, while an
eventual NDE protocol would likely focus on a subset of 10 – 15 modes that are found to
be the most diagnostic of the resonance-affecting mechanism of interest [191].
Figure 7.4: Depiction of the four distinct mode types that occur within in first 50 reso-
nances predicted by the FE model. The shape of these modes, i.e., deflection character,
is visualized by depicting the deflections in a highly exaggerated manner, while the actual
deflections of a sample are minuscule. Image courtesy of Brent Goodlet.
167
7.3.1.1 Modeling Recrystallization
Due to the significant elastic anisotropy of Rene´ N5(SX) (A = 2.88), Gairola and
Kro¨ner’s third-order averaging scheme [192] is used to calculate self-consistent isotropic
moduli for representing polycrystalline Rene´ N5(SX). This homogenization procedure
assumes that the recrystallized material will have a random grain orientation distribution
consistent with Nyga˚rds’ analysis [193]. Table 7.5 summarizes the material properties
used for modeling recrystallized Rene´ N5(SX). These properties are applied to elements
along the gauge and fillet sections of the creep specimen, Figure 7.5, at depths of 80, 100,
178, 200, and 1500+ µm, the latter corresponding to full recrystallization of the 3.06 mm
diameter gauge and fillet.
Table 7.5: Material properties utilized in the FE model to represent Rene´ N5(SX). Isotropic
polycrystalline moduli are calculated from the stiffness data detailed previously [188],
while the density (ρ) reported in [2] is the same for both alloys.
Property Value (units)
K 191 GPa
EGK 226 GPa
GGK 86.8 GPa
νGK 0.303
ρ 8700 kg/m3
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(a)
(b)
Figure 7.5: Creep specimen model depicting a) the finite element mesh and b) a cross
sectional view of the sample with the red region along the surface of the gauge and fillets
indicating a 200 µm layer of recrystallization. Image courtesy of Brent Goodlet.
7.4 Resonant Ultrasound Spectroscopy Measurements
Baseline RUS scans were collected of both Specimen LP and Specimen HP in the as-
machined condition. Similar to the NDE performed during multiple rejuvenation testing,
only the fR are monitored with a focus on the evolution of mode-specific changes in fR.
Using the baseline scans and the model-informed mode type information, 10-15 reliably-
measured resonance modes were typically chosen to track and compare as the specimens
were shot peened and heat treated. The mode number, mode type, and fR are listed in
Tables 7.6 and 7.7 for the shot peened specimens investigated here.
The ∆fR after low pressure shot peening was negative across all mode numbers tracked
with an average shift of -0.127% ± 0.046%. After high pressure shot peening (double
the pressure) an average shift of -0.251% ± 0.089% was measured. While transmission
electron microscopy studies were beyond the scope of this study, the ∆fR follows well with
the established theory that imparting dislocations into the material from processes such as
shot peening will decrease the apparent modulus [194–196]. Following the solution heat
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treatment, an order of magnitude higher average positive shifts of 1.835% ± 1.704%, and
2.380% ± 2.910% were calculated for Specimen LP and Specimen HP, respectively.
Microscopy revealed that both Specimen LP and Specimen HP recrystallized following
solution heat treatment, as shown in Figure 7.6. This recrystallization was responsible for
the measured ∆fR following heat treatment. The depth of recrystallization was 80.0 µm
± 15.6 µm and 177.9 µm ± 27.2 µm for Specimen LP and Specimen HP, respectively. A
minimum of 250 measurements of the recrystallized depth were taken, with each measure-
ment spaced ∼20 µm along the surface of each specimen. Recrystallized grains contained
cuboidal γ′ precipitates that nucleated and grew during controlled cooling from the full
solvus temperature, as shown in Figure 7.7.
200 µm
(a) (b)
Figure 7.6: Backscattered electron images (top row) of specimens subjected to a heat
treatment following shot peening at a) a low and b) high pressure show the varying depth
of the recrystallized surface region. Electron backscatter diffraction (bottom row) was used
to collect inverse pole figure maps of the same location showing the orientation at every
point with respect to the long axis of the creep specimens.
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1 µm
Recrystalized Grains
Recrystalization
Boundary
Figure 7.7: Backscattered electron micrograph showing the boundary and the precipitate
morphology in the recrystallized grains.
7.5 Finite Element Model Results
The results from the cylindrical sub-volume modeling study comparing the discrete
anisotropic grain representation of recrystallization to a homogenized isotropic approach
are detailed in Figure 7.8. The fact that the ∆fR predicted by the two representations are
similar for the first 50 resonance modes validates the isotropic homogenization procedure.
Essentially, the two modeling approaches simulate the same sub-volume of material using
two extreme representations. Experimentally observed ∆fR behavior would likely fall
between the ∆fR predicted by the relatively coarse 128 discrete grain model and the
∆fR predicted by the isotropic model. Therefore, the disagreement between of the two
model results indicates the maximum error introduced by the isotropic assumption for a
173
recrystallization depth of 5% the cylinder radius. This error is very small compared to
the magnitude of the ∆fR response resulting from recrystallization, and can therefore be
neglected.
Figure 7.8: Modeled ∆fR for a single crystal cylinder with recrystallization consuming
5% of the radius using two distinct modeling approaches. The agreement between the
two model results illustrates that an isotropic homogeneous layer of recrystallized material
sufficiently describes the ∆fR response of even coarse aggregates of (4x32) grains, and
demonstrates that the isotropic representation is sufficient. Plot courtesy of Brent Goodlet.
Of the four distinct resonance mode types predicted by the FE model of the creep
specimen over the frequency range of interest, illustrated in Figure 7.4, 30 of the first
50 resonance modes are longitudinal bending. Due to the nature of bending deflections,
longitudinal bending modes are more sensitive to mechanisms that affect stiffness near
the surface of the specimen. Plotting the modeled ∆fR due to surface recrystallization
for the first 50 resonance modes shows that, as expected, the longitudinal bending modes
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display a positive ∆fR that increases with the depth of the recrystallized layer, as indicated
in Figure 7.9. This result agrees well with the experimental multiple rejuvenation NDE
and with the expectation that the recrystallized grains on the surface will be oriented
such that their directionally-dependent Young’s modulus is greater than the virgin E[100]
material that exhibits the minimum E[hkl]. Extensional resonance modes behave similarly
to longitudinal bending modes because their deflection character is also dominated by the
elastic modulus of the specimen.
Figure 7.9: Model predicted mode-specific ∆fR for surface recrystallization of various
depths along the gauge and fillet sections. The fully recrystallized model illustrates the
most extreme case, and the 200 µm line has the resonance mode shape information overlaid.
Because the modeled mode order is constant regardless of recrystallized depth, resonance
mode shape is only included for the 200 µm line. Plot courtesy of Brent Goodlet.
The modeled transverse bending modes are not affected by the layer of recrystallized
material due to fact that the deflection of these modes is concentrated at the ends of the
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specimen, effectively sampling the modulus of the virgin single-crystal material; see Fig-
ures 7.4 and 7.5. The resonance modes identified as torsional exhibited a negative ∆fR as
a function of the recrystallized depth due to the fact that GGK is less than G{100}[⊥].
There is excellent agreement between the order-corrected measured ∆fR and the mod-
eled ∆fR across the first 50 resonance modes, illustrated in Figure 7.10, with the ∆fR listed
in Tables 7.6 and 7.7 for the reliably-measured resonance modes. Missing experimental
data points indicate frequencies where the resonance modes could not be reliably recorded
due to the low amplitude displacement character of the resonance mode in relation to trans-
ducer placement, or masking by a neighboring high-amplitude mode. Figure 7.11 indicates
a linear relationship between ∆fR and recrystallization depth up to 200 µm for bending
modes (resonance numbers 13,14, 27-30, 33, and 34). The linear relationship is a result
of the linear dependence of the specimen modulus on volume fraction of recrystallized
material (as one would expect from a rule of mixtures average), and the effectively linear
relationship between volume fraction of recrystallized material and the recrystallization
depth, assuming recrystallization consumes only a small fraction of the specimen radius.
Models of a fully recrystallized specimen indicate that the ∆fR trend with recrystallization
depth becomes logarithmic due to the specimen’s circular cross section, where for each
incremental increase in recrystallization depth the volume of newly recrystallized material
logarithmically approaches zero.
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Figure 7.10: Order-corrected measurements of ∆fR from the high pressure shot peened
sample plotted with FE modeled ∆fR for recrystallized layer depths of 100 and 200 µm.
There is good agreement between measurements and models for a majority of modes.
Breaks in the measured data indicate where resonance modes were not reliably recorded.
Plot courtesy of Brent Goodlet.
Figure 7.11: Plot of ∆fR versus recrystallized depth for select bending modes with both
measured and modeled points indicated at 80 and 178 µm. When recrystallization con-
sumes small fractions of the specimen radius, the ∆fR appears linear with recrystallization
depth as the left plot indicates; however, the trend becomes logarithmic at large fractions
of the specimen radius as the right plot demonstrates.
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7.6 Advantages of RUS for Detecting Recrystallization
The RUS technique used in this work was able to detect the presence of recrystallized
material in shot peened and subsequently heat treated laboratory scale specimens. The pri-
mary advantages of using RUS when compared to other NDE techniques are the ease of
use, short scan times, objective definitions for part acceptance/rejection, full component
sampling with a single measurement, and the ability to configure the piezoelectric trans-
ducers for NDE of various component geometries. While laboratory scans for developing
this NDE framework were extremely conservative and required on the order of an hour to
complete, optimized scan settings can reduce collection time to less than a minute per part
without sacrificing diagnostic abilities.
Accurate prediction of the recrystallized depth from experimentally measured ∆fR
without requiring destructive microscopic examination was demonstrated with a specimen-
specific FE based fR model. Beyond the use in this thesis to non-destructively detect
recrystallization during multiple rejuvenation testing, this capability has the potential to
detect various grain defects in as-cast components, helping to improve single crystal pro-
cessing approaches and manufacturing yields. Also, because the RUS technique samples
bulk properties, internal recrystallization can also be detected.
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7.7 Conclusions
Based on the results of detailed RUS and FE modeling, the following conclusions are
made with regards to the capability of detecting grain defects in elastically anisotropic Ni-
base single crystals:
● RUS has been successfully implemented as part of a multiple rejuvenation test to de-
tect the presence of recrystallization, a recovery mechanism that limits rejuvenation.
The mechanistic underpinning of evaluating abnormalities in grain structure with
RUS relies on significant elastic anisotropy, a requirement met by Ni-base alloys.
● A finite element model of a superalloy specimen with a thin layer of material with
isotropic elastic properties showed good agreement with the experimentally mea-
sured frequency shifts after heat treatment of shot peened specimens, confirming that
recrystallization caused the observed positive frequency shifts in both the shot peened
and multiple rejuvenation creep specimens.
● Recrystallization can be detected nondestructively by using resonant ultrasound spec-
troscopy equipment similar to that utilized in this study. Shifts in resonance fre-
quency have a linear relationship to the volume of recrystallized material for reso-
nance frequencies with a bending mode type.
● Due to specimen elongation during creep testing, RUS was unable to detect the pres-
ence of cracks and cavities at the creep strain levels of interest for rejuvenation.
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Chapter 8
Important Conclusions and
Recommendations
In this work, the viability of rejuvenating Ni-based superalloys GTD444(CG) and Rene´
N5(SX) has been examined. A focus has been placed on providing a detailed analysis on
the observed and potential phenomena preventing or limiting the success of a rejuvenation
treatment. Rejuvenation consisted of a solution + aging heat treatment that was derived
from typical post-casting heat treatments. Small-scale material removal was included to
remove hold-time fatigue damage. The important conclusions from this thesis work are
presented in this chapter, followed by a discussion of suggested future work and recom-
mendations. The expected challenges of transitioning from lab-scale to industrial scale
rejuvenation will also be examined.
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1. As a result of multiple rejuvenation testing, the total creep rupture life of Rene´
N5(SX) tested at 982 °C and 206 MPa was extended by a factor of 2.8 over the
baseline rupture life. To produce this increase in rupture life, creep strain thresholds
of both 2% and 3% were used along with solutioning at 28 °C below the γ′ solvus
temperature for 2 h and aging at 1079 °C for 4 h. These rejuvenation conditions re-
sulted in the maximum observed increase in total creep rupture life. In addition to
the extension in creep life, the creep curve shape was recovered and the time to the
creep strain threshold was maintained above 80% of the initial creep test.
(a) Based on the multiple rejuvenation tests performed, an appropriate criterion
for successful rejuvenation of creep properties was the recovery of 80% of the
initial time to the creep strain threshold, with the baseline determined by the
creep test during the first rejuvenation cycle. This criterion was applied to both
GTD444(CG) and Rene´ N5(SX).
(b) Successful rejuvenation required a creep strain threshold below 5%. The failure
of a rejuvenation heat treatment to recover macroscopic plastic strain near 5%
is most likely a combination of an increased dislocation density and enhanced
plasticity near stress concentrators such as carbides and pores.
(c) As expected, the solution temperature used during the rejuvenation heat treat-
ment had an impact on the amount of recovery and recrystallization. Solu-
tioning at the γ′ solvus for Rene´ N5(SX) resulted in the greatest recovery of
the initial creep performance but only increased the total creep rupture life by
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a factor of 1.8 due to the nucleation of recrystallized grains. A clear tradeoff
exists between recovery and suppressing recrystallization that resulted in an op-
timal solution temperature of 28 °C below the γ′ solvus temperature for Rene´
N5(SX) at a creep strain threshold of 2%.
2. Damage from sustained peak low-cycle fatigue (SPLCF) testing was also success-
fully rejuvenated by removing surface cracks via small scale material removal (pol-
ishing). A rejuvenation heat treatment was not required to extend the fatigue life,
indicating that significant recovery of the dislocation substructure is not necessary.
SPLCF life was extended by a factor of 2, and was limited by the 400-600 µm of
material removed during each rejuvenation cycle.
(a) While removing 400-600 µm of material was achievable on a lab scale, imple-
mentation in industry will be challenging. Additionally, the total number of
rejuvenation cycles will be limited by the blade wall thickness instead of spec-
imen thickness. A better approach would be to use a high strength coating to
suppress oxidation-induced surface crack growth, preventing the surface crack
growth from transitioning into the substrate before the first rejuvenation cycle.
Recoating could then be used to remove the SPLCF cracks.
3. Transverse grain boundaries limited life during multiple rejuvenation creep testing of
both GTD444(CG) and Rene´ N5(SX). Due to the tortuosity of the grain boundaries
in GTD444(CG), some boundaries are initially oriented transverse to the growth di-
182
rection. The enhanced plasticity near these grain boundaries may be the primary
reason why the initially single crystal Rene´ N5(SX) specimens were more amenable
to rejuvenation than GTD444(CG). For both alloys, recrystallization during the reju-
venation heat treatment was responsible for early failure during the subsequent creep
test.
(a) At creep conditions more comparable to service, failure in GTD444(CG) was
still controlled by high angle grain boundaries but primarily by grain bound-
ary oxidation rather than enhanced plasticity. Such oxidation-controlled failure
cannot be repaired using hot isostatic pressing (HIP) or a rejuvenation heat
treatment, further limiting the rejuvenation potential of GTD444(CG). Carbide
decomposition and precipitation of the η phase in GTD444(CG) did not have
a detectable influence on the creep performance, but are expected to serve as
crack initiation sites during fatigue loading.
(b) The precipitation of topologically closed packed (TCP) phases was observed
in a β-NiAl coated Rene´ N5(SX) specimen after a multiple rejuvenation test.
TCP phases deplete the γ matrix of solid solution strengtheners and decrease
creep resistance. However, the formation of TCP phases can be suppressed by
changing the composition of the superalloy or coating and consequently, is not
considered rejuvenation limiting.
(c) Rejuvenation of fatigue cracks initiating from internal porosity was not investi-
gated in this work. Such damage is expected to limit rejuvenation when turbine
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life is controlled by low-cycle and high-cycle fatigue. HIP may be required to
heal internal cracks and reduce the initial pore size but may also cause recrys-
tallization. Additionally, the use of liquid metal cooling (LMC) has been shown
in literature to reduce the maximum pore size by 70%, increasing the fatigue
life.
4. Resonant ultrasound spectroscopy (RUS), a non-destructive evaluation technique,
was successfully used to detect the presence of recrystallization during multiple re-
juvenation testing.
(a) A finite element model of a superalloy specimen with a thin layer of material
with isotropic elastic properties (approximating a layer of recrystallized grains)
showed good agreement with the experimentally measured frequency shifts af-
ter heat treatment of shot peened creep specimens, confirming that recrystal-
lization caused the frequency shifts. Shifts in resonance frequency of bending
modes have a linear relationship to the volume of recrystallized material.
(b) The detection of abnormalities in grain structure with RUS relies on significant
elastic anisotropy, a requirement met by Ni-base alloys. Thus RUS can be used
more generally to detect to the prevalence of defects induced during single crys-
tal growth or subsequent processing. Common defects involve the presence of
misoriented (non-single crystal) material that change the bulk elastic properties.
(c) The RUS technique did not detect the onset of recrystallization but detected
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recyrstallization once a critical volume fraction of recrystallized material had
been reached, assuming a random orientation of recrystallized nuclei. The pres-
ence of detectable levels of recrystallization always resulted in abrupt specimen
rupture during multiple rejuvenation creep testing.
(d) Due to specimen elongation during creep testing, RUS was unable to detect the
presence of cracks and cavities at the creep strain levels of interest for rejuve-
nation.
Substantial opportunities exist for further investigation of the rejuvenation of Ni-base
superalloys. Creep tests performed in this work were limited to the high temperature low
stress regime where initial dislocation activity is confined to the matrix γ phase. Creep test-
ing at a low temperature and high stress condition would determine if rejuvenation could
recover significant primary creep strains caused by shearing of the γ′ phase by a⟨112⟩
ribbons. Testing at multiple creep testing conditions would also further illustrate the appli-
cability of rejuvenating full turbine blades, where the stress and temperature experienced
during service is location dependent.
Multiple rejuvenation tests performed with creep strain thresholds of 1% and 4% are
suggested to further develop the Rene´ N5(SX) rejuvenation map. Additionally, recoating
Rene´ N5(SX) specimens between rejuvenation cycles rather then exposing the coating to
the rejuvenation heat treatment may further increase the extension in total creep rupture life
by delaying the precipitation of TCPs.
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8.1 Guidelines for Achieving Successful Rejuvenation
To be successful, a rejuvenation procedure must be designed to repair damage caused
by the life limiting mechanism. Rejuvenation must also be performed prior to the onset
of irreparable damage but late enough to be cost-effective. When creep limits life, a so-
lution + aging rejuvenation heat treatment was successful in recovering damage in single
crystal Rene´ N5(SX) at low creep strains, where irreparable damage, such as creep cavi-
ties, is not present. In GTD444(CG) specimens, enhanced plasticity near transverse grain
boundaries prevented rejuvenation to a satisfactory level of creep performance at the creep
strain thresholds and heat treatment conditions examined. When component life is limited
by fatigue, HIP may be required to repair internal cracks. Surface cracks can be destruc-
tively removed but such procedures may be difficult and costly to implement on engine
components.
The development of new alloy compositions, the use of advanced processing tech-
niques, and the application of coatings to maximize resistance against irreparable forms
of damage appears to be a viable approach to enable successful rejuvenation. Addition-
ally, rejuvenation should be used in conjunction with a part tracking system, which would
identify specific turbine blades that are expected to have above average baseline mechan-
ical properties. If using a “starts and hours” based inspection criterion, these components
should have less damage and consequently be good candidates for rejuvenation. Part track-
ing should continue through each maintenance and rejuvenation cycle, relying on a non-
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destructive evaluation system such as RUS to detect irreparable damage caused by service
or the rejuvenation treatment.
While a number of questions regarding the rejuvenation of advanced directionally so-
lidified alloys have been addressed in this work, using rejuvenation in a production en-
vironment on these alloys represents a significant challenge. There will be a difference
in microstructure between lab and industrial-scale components and a difference between
service and mechanical testing conditions, requiring detailed characterization and identifi-
cation of the life-limiting form of damage. Ultimately, the use of rejuvenation will depend
on a number of factors that must be considered for each specific case. These include but
are not limited to: the life-limiting form of damage, initial component production cost and
life, the cost of rejuvenation and expected life extension, and the presence of irreparable
damage.
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